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Abstract
Nanocrystalline metals and alloys, with average and range of grain sizes typically smaller than 100 nm, have been
the subject of considerable research in recent years. Such interest has been spurred by progress in the processing of
materials and by advances in computational materials science. It has also been kindled by the recognition that these
materials possess some appealing mechanical properties, such as high strength, increased resistance to tribological and
environmentally-assisted damage, increasing strength and/or ductility with increasing strain rate, and potential for
enhanced superplastic deformation at lower temperatures and faster strain rates. From a scientific standpoint, advances
in nanomechanical probes capable of measuring forces and displacements at resolutions of fractions of a picoNewton
and nanometer, respectively, and developments in structural characterization have provided unprecedented opportunities
to probe the mechanisms underlying mechanical response. In this paper, we present an overview of the mechanical
properties of nanocrystalline metals and alloys with the objective of assessing recent advances in the experimental
and computational studies of deformation, damage evolution, fracture and fatigue, and highlighting opportunities for
further research.
 2003 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction
The processing, structure and properties of metallic materials with grain size in the tens to several
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hundreds of nanometer range are research areas in
which there has been a considerable increase in
interest over the past few years. The application
of grain refinement as a powerful tool to design
microstructures with superior properties and performance has long been the focus of metallurgical
research; numerous papers with this theme have
been published in Acta Metallurgica/Materialia
over the past fifty years. However, several major
drivers have contributed to the rapid increase in
research into nanocrystalline metals and alloys in
recent years. Advances in the processing of alloys
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along with the precipitous rise in the sophistication
of routine, commonly available tools capable of
characterizing materials with force, displacement
and spatial resolutions as small as picoNewton (pN
= 10⫺12 N), nanometer (nm = 10⫺9 m) and Angstrom (0.1 nm), respectively, have provided unprecedented opportunities to probe the structure and
mechanical response of alloys in the nanoscale
regime. In addition, major improvements in computer hardware and software have facilitated simulations of the structure and deformation of materials
with a degree of sophistication and refinement
unimaginable as recently as a decade ago. These
factors, along with major national initiatives in the
broad area of nanotechnology in the United States,
Europe and Japan, have further accelerated interest
in the study of nanocrystalline metals and alloys
for a wide variety of structural and functional
applications. In the Millennium Special Issue of
Acta Materialia, published in 2000, Gleiter [1]
presented a comprehensive overview of nanostructured materials, with a specific emphasis on the
connections between structure and functional
properties. A critical appraisal of the current state
of understanding and of possible avenues for
further exploration in the broad field of mechanical
properties of nanoscrystalline metals and alloys,
particularly in the context of processing-structureproperty connections, seems appropriate at this
time.
For the purpose of discussion throughout this
paper, we define nanocrystalline (nc) metals and
alloys as those with an average grain size and
range of grain sizes smaller than 100 nm. Ultrafine
crystalline (ufc) metals and alloys are taken to be
those with an average grain size in the 100–1000
nm range, whereas their microcrystalline (mc)
counterparts have average grain dimension of a
micrometer or larger. It is important to note in this
context that the mechanisms of deformation and
the properties of the nc material not only depend
on the average grain size, but are also strongly
influenced by the grain size distribution and the
grain boundary structure (e.g., low-angle versus
high-angle grain boundaries).
Some appealing characteristics of nc metals and
alloys with potential significance for engineering
applications include ultra-high yield and fracture

strengths, decreased elongation and toughness,
superior wear resistance, and the promise of
enhanced superplastic formability at lower temperatures and faster strain rates compared to their
mc counterparts. Consider, for example, the variation of flow stress as a function of grain size from
the mc to the nc regime, which is schematically
shown in Fig. 1. In many mc and ufc metals and
alloys with average grain size of 100 nm or larger,
strengthening with grain refinement has traditionally been rationalized on the basis of the so-called
Hall-Petch mechanism [2–4]. Here pile-up of dislocations at grain boundaries is envisioned as a key
mechanistic process underlying an enhanced resistance to plastic flow from grain refinement. As the
microstructure is refined from the mc and ufc
regime into the nc regime, this process invariably
breaks down and the flow stress versus grain size
relationship departs markedly from that seen at
higher grain sizes. With further grain refinement,
the yield stress peaks in many cases at an average
grain size value on the order of 10 nm or so.
Further decrease in grain size can cause weakening
of the metal. Although there is a growing body of
experimental evidence pointing to such unusual
deformation responses in nc materials, the underlying mechanisms are not well understood. Consequently, there is a concerted global effort underway
using a combination of novel processing routes,
experiments and large-scale computations to

Fig. 1. Schematic representation of the variation of yield
stress as a function of grain size in mc, ufc and nc metals
and alloys.
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develop deeper insights into the various aspects of
these phenomena.
In this overview, we focus attention on the
mechanical behavior of nc metals and alloys. The
majority of available experimental and computational results on this topic pertain to face-centered cubic (fcc) structure, and hence the results
highlighted primarily deal with this class of metals;
however, references to other crystal structures are
included, wherever available. The paper is broadly
divided into five major sections: (1) processing, (2)
grain boundary structure, (3) mechanical properties, (4) deformation mechanisms, and (5) fracture
mechanisms. An attempt is made to compare the
behavior of nc metals with those of ufc and mc
metals, and to assess computational predictions in
light of experimental observations, wherever possible. It is worth noting that the topic of grain
refinement also constitutes an important aspect of
the broad area of superplasticity in metals and
alloys. However, available results in this area primarily deal with ufc materials and consequently, it
is not taken up for discussion in this overview.
Examples of recent activity in the area of superplasticity of ufc materials can be found in [5–11].

2. Processing of nanocrystalline metals and
alloys
Several laboratory-scale processing techniques
are currently available to produce nc and ufc
materials. They can be generally classified into the
following four groups: mechanical alloying
(including cryomilling) and compaction [12–15],
severe plastic deformation [16], gas-phase condensation of particulates and consolidation [17–19],
and electrodeposition [20–22]. Whereas the first
two methods typically tend to yield material with
ultra-fine grain sizes, the latter two techniques are
capable of producing material with mean grain
sizes in the tens of nm. A fifth technique which
can, in principle, facilitate the production of a nc
alloy entails controlled crystallization of a material
capable of forming an initially fully amorphous
metallic glass, particularly if the metallic glass can
be produced in bulk form. This approach is attractive for producing controlled two-phase microstruc-

5745

tures [23,24], but due to the nature of the process,
the technique is limited to glass-forming compositions. With this approach, nanocrystallites can be
formed either by controlled thermal annealing (e.g.
in [25–27] and/or by severe mechanical deformation at the bulk [28] or local [29] level.
Mechanical alloying, and specifically cryomilling in a liquid nitrogen medium, has been used to
produce ultra-fine-grained materials in reasonable
quantities and the resulting powder has been
warm/hot consolidated to full/nearly-full density
with insignificant grain growth. The method has
been particularly successful with aluminum alloys
[14,15] and the presence of fine oxides/nitrides that
result from the milling process is key to maintaining the fine grain size during consolidation.
While the advantage of the process lies in its
ability to produce reasonable size billets of
material, its principal disadvantages include the
inability to control material purity and obtaining
full density. Some of the shortcomings associated
with material purity can be offset by using the
approach of severe deformation of bulk material
(as, for example, via torsion, multiple extrusion or
multiple forging) where material purity is limited
only by that of the starting material, but the typical
grain sizes obtained still remain in the 150–300 nm
regime or more. Metals and alloys have been successfully processed by this route and include Al
alloy 01420, Cu, Ni and Ti and its alloys (such
as Ti-6Al-4V), steels and intermetallic compounds.
Due to extensive and repeated deformation processing, the grain boundaries are highly dislocated.
The microstructure is usually characterized by
larger grains (having high-angle grain boundaries)
with an internal sub-grain boundary structure. A
comprehensive review by Valiev et al. [16] discusses the various metallurgical aspects of
materials produced by severe plastic deformation.
Gas-phase condensation or inert gas condensation [17–19] has been used in a limited way to
produce nc metals such as Cu, Ni and Pd. Here,
powder particles with grain size in the 5–50 nm
regime are produced by condensing from the vapor
phase, and the particles are then consolidated in a
die using high pressures and, in some cases, with
additional thermal energy. The process has several
limitations including specimen volume and yield,
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purity issues particularly in the vicinity of the particle boundaries, incomplete densification/porosity
(resulting in specimens with densities lower then
99% of the theoretical density), and difficulties
associated with retaining the fine grain size during
consolidation. Improvements to the process have
been reported [18], but considerable further
advances in process optimization are needed before
this method can find commercialization. The process, however, is capable of providing a microstructure that is usually texture-free and consisting
of equiaxed grains. Recently it has been shown that
the density of the specimens can be increased by
cold rolling, while retaining the equiaxed, texturefree microstructure without a change in grain
size [30].
Electrodeposition (direct current and pulsed) has
been used to produce sheets of nc metals (such as
Ni, Co, Cu) and binary alloys (such as Ni-Fe; NiW) [20–22,31–34]. Grain size can be controlled
and sheets with thickness of 100 µm or more and
grain size of 20–40 nm are routinely produced
[34]. A bright field image (Fig. 2(a)) shows the
typical microstructure of electrodeposited nc Ni
with an average grain size of about 30–40 nm.
Alloying with W has enabled further reductions in
grain size down to 10 nm or less [33], and a representative bright field micrograph of the structure
of a Ni-W alloy is shown in Fig. 2(b). Grain size
distribution in these materials often tends to be narrow with the maximum grain size not exceeding
80 nm for a material with a mean grain size of 20–
30 nm [35]. The use of saccharin in the plating
bath to produce nc grains often results in carbon
and sulfur as impurities in the material [36,37]; furthermore, hydrogen levels in the deposits can be
substantial and it is not uncommon to find hydrogen-filled nano-bubbles in the microstructure even
though full-density is measured within the errors
of the Archimedes technique. Process control dictates the presence or absence of a columnar structure, and the presence of clusters of grains with
minimal misorientation between each other has
been reported [35]. Likewise, process parameters
influence the texture of the deposit, and in the case
of Ni produced by pulsed electrodeposition, ElSherik and Erb [37] report a change in texture with
decreasing grain size, an observation also made by

Fig. 2. Bright field TEM images of electrodeposited (a) nc-Ni
with an average grain size around 30 nm, and b) nc-Ni-W with
an average grain size of ~10 nm.

Ebrahimi and coworkers [36]. Electrodeposition
has also successfully been used to produce nc metallic coatings on complex shapes [34].
In recent years, more effort has been devoted to
improving the synthesis of nc-metals by
electrodeposition rather than by inert gas
condensation/compaction, primarily because of the
problems associated with attaining full density via
the latter approach. Reports on the mechanical
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properties and deformation response of nc metals
and alloys in earlier papers were often influenced,
in many cases, by the presence of porosity
(samples densities were frequently lower then
98%) and impurities. Furthermore, even at present,
the microstructure of a metal produced by a particular technique appears to vary from batch to batch
and frequently, microstructures have not been
characterized to the level necessary for rigorous
interpretation of the observed results. For example,
very small pores of tens of nm size scale, commonly referred to as nanovoids, are often present
in the material, and they can have a significant
influence on the measured mechanical properties.
These nanovoids are below the detection limits of
density measurements and can only be inferred by
positron annihilation [38,39]. Not accounting properly for the possible direct effects of such
processing-induced defects on the mechanical
response has led to numerous contradictory results
in the published literature (examples of which are
discussed in [40,41]). These factors have made it
difficult to identify, in many cases, the intrinsic
deformation characteristics of materials with grain
sizes in the nanometer size scale and therefore, to
obtain a clear mechanistic understanding of their
mechanical response.

3. Grain Boundaries (GB) in nanocrystalline
metals and alloys
Relative to mc metals and alloys (i.e. materials
with grain size in the micrometer range), nc
materials contain a higher fraction of grain boundary volume (for example, for a grain size of 10 nm,
between 14 and 27% of all atoms reside in a region
within 0.5–1.0 nm of a grain boundary); therefore,
grain boundaries are thought to play a significant
role in the deformation of these materials. These
boundaries act as sources and sinks for dislocations
and facilitate such stress-relief mechanisms as
grain boundary sliding. Given this trend, there are
surprisingly few experimental studies that have
sought to examine the structure of grain boundaries
in nc metals and alloys. Earlier postulates that there
exists an amorphous layer (or variously called an
“extended disordered region” or “randomly
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arranged atoms”) at grain boundaries of nc metals
and alloys [17,42–46] have been questioned based
on experimental observations [41,47,48] and computations (a more detailed discussion follows
below and also in [49]). High-resolution images of
grain boundaries in electrodeposited Ni with an
average grain size of 30–40 nm (Fig. 3(a),(b)) and
in vapor-phase condensed and consolidated nc Cu
(Fig. 3(c),(d)) confirm that crystallinity is maintained right up to the boundary. Gleiter [17] points
to the need for caution in correlating grain boundary structures observed by high resolution TEM to
structures in bulk nc materials due to possible
influence of relaxation; this has, however, been
shown not to be an issue by Siegel and Thomas
[47] and by the calculations of Mills and Daw [50].
For Ni-W nanocrystalline alloys, Schuh et al. [33]
report the existence of a finite non-crystalline
region at grain boundaries that were examined by
high-resolution microscopy but enough evidence
was not presented there for its prevalence at all
boundaries. Moreover, it is not clear whether this
is a chemical effect arising from the W in the alloy
or if it is a direct consequence of the extremely
fine grain size (typically ⬍ 10 nm). Chemical segregation of impurities or alloying additions to grain
boundaries and its effects on structure (or lack
thereof), deformation and fracture have not been
examined. It is also not known if such effects provide a preferred crack path at the very high strength
levels typical of such fine-grained materials. Grain
boundaries in the as-deposited material (in the case
of electrodeposition), and in as-deformed material
(in the case of ufc alloys produced by severe plastic deformation) can be in a non-equilibrium state
and in the latter case, can also have a high density
of dislocations. Such structures are difficult to
characterize in the transmission electron microscope and their metastable nature and spatial nonuniformity often make clear interpretation of observations difficult. Simulations [51] of the
deformation response of nc-Ni containing grain
boundaries with various levels of disorder (i.e.
equilibrium versus non-equilibrium) that mimic the
as-deposited and annealed conditions, have shown
that grain boundary relaxation by a process such
as annealing leads to a decrease in plasticity and
increase in strength. While the experimental results
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Fig. 3. High resolution TEM images of grain boundaries in (a,b) electrodeposited nc-Ni, and (c,d) nc-Cu produced by gas-phase
condensation. In all cases, crystallinity is maintained right up to the boundary and no second phase is observed.

on inert gas condensed nc-Cu [52] support the
simulation results, the results of Ebrahimi et al.
[22] on electrodeposited Cu (grain size 175–250
nm) suggest otherwise. It is possible that at these
larger grain sizes (as opposed to at 10–20 nm grain
size), the structure of the grain boundary is already
close to equilibrium. Further experimental data are
needed to verify the suggestions from computer
simulations [51].
The use of large-scale molecular dynamics
(MD) to obtain atomic level structural information
on the grain boundaries in nc fcc metals [46,49]
has significantly enhanced the understanding realized from experiments. Most simulations have

been performed on fcc pure metals with dislocation-free grains; Keblinski et al. [53] have also
studied nc Si. A fully three-dimensional (3D) nc
grain boundary (GB) network may be constructed
in one of several ways: simulations of material
synthesis can be accomplished (a) by cluster
assembly followed by compaction [54,55], (b) by
cooling from the melt with pre-defined crystallization seeds [46,56], or (c) by using space filling
techniques based on Voronoi construction [57]
with randomly generated seeds and orientations in
order to prepare samples with mainly high angle
grain boundaries [49,58,59] or with restrictions on
crystallographic orientations in order to obtain tex-
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tured samples [60]. The maximum grain size that
has been simulated in full 3D GB networks is
30nm [58] for a sample containing 15 grains. All
simulations apply periodic boundary conditions, a
replica technique that mimics bulk conditions. In
order to increase the grain size in simulations,
samples with a two-dimensional (2D) columnar
GB network containing four hexagonal-shaped fcc
columnar-grains textured around the [110] axis
have been constructed in which the periodic
boundary conditions are applied on ten atomic
planes in the columnar direction. In these samples
the GBs are perpendicular to the tensile direction
and contain only twist-free misorientations [61,62]
and therefore cannot mimic a general nc GB network. The GBs made by cooling from the melt
using pre-existing fcc crystal seeds would be
expected to have a different non-equilibrium state
relative to those derived from a space-filling technique. Furthermore, even within one technique, the
final GB structure will depend on the relaxation
time and temperature, as has been shown for
Voronoi constructed samples [51].
Simulations show that different patterns and
degrees of order with different length scales are
obtained when different criteria are used for GB
atoms [63]. This is demonstrated in Fig. 4a-d. The
three upper images (Fig. 4(a)–(c)) show a section
of the GB viewed perpendicular to the GB plane,
whereas Fig. 4(d) shows a section viewed along
the GB plane where a general GB with an irreducible 50° misorientation around a (110) axis of the
lower grain is shown. In Fig. 4(a), the GB is
defined by those atoms, which according to the
medium range order (MRO) analysis [49,64] do
not have the fcc structure. In Fig. 4(b), the GB is
defined by those atoms that are positional disordered (PD) i.e. atoms which cannot be assigned
to a particular lattice site of the neighboring fcc
grains [65]. In Fig. 4(c), the GB is defined by the
atoms having an excess energy higher than the latent heat of melting. The view along the GB plane
in Fig. 4(d) shows the coherence among (111)
crystallographic planes of the lower grain and
(100) crystallographic planes of the upper grain,
with a regular pattern of misfit areas. From Fig. 4,
it is clear that claiming the existence of amorphous
GBs on the basis of a single criterion, such as
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excess energy [46,53], is not justified. Using the
above-mentioned criteria, it has been demonstrated
that pure metallic samples resulting from a
Voronoi construction have grain boundaries that
are fundamentally the same as their coarse-grained
counterparts [49]. For all types of misfit, a large
degree of structural coherence is observed and misfit accommodation occurs in somewhat regular patterns, with the misfit areas containing a larger
degree of disorder.
Further important information on grain boundaries in nc materials can be obtained by the direct
calculation of the variation of the internal stress
[66,67] and the free volume in GBs [68]. The local
pressure variations, made up of adjacent regions of
high compression and dilatation (the colour code
ranges from red for 2 GPa to blue for –2 GPa), are
shown in Fig. 5(a) for the GB discussed in Fig. 4
(Fig. 5(b) shows the stress distribution after 0.5
nsec of tensile deformation—the details pertaining
to Fig. 5(b) are presented in the Deformation
Mechanism section). The stress concentrations
observed in such a GB would be expected to produce inhomogeneous strain inside the grains, a
parameter that is experimentally obtained from
peak broadening in X-ray diffraction. The amount
of free volume and its distribution also influence
atomic mobility in GBs. It is also possible to calculate positron life times in simulated samples which
can then be compared to experimental data [39,68].
Such calculations for samples synthesized in the
computer by a space-filling technique [68] show
that they have densities similar to the experimental
values (99.26% for a 20 nm sample), but contain
no nano-scale voids. Instead, they contain small
amounts of free volume of sizes in-between that
for a single vacancy and of the perfect crystal.
However, in nearly all experimental samples,
nano-scale voids containing 5 to 20 vacancies have
been identified in positron lifetime measurements–
even when the samples are fully dense as determined by the Archimedes principle [38,39,68]. This
important difference in free volume distribution
between simulated and experimental samples
should be addressed in order to render the
computational models more representative of
experiments.
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Fig. 4. Perpendicular view of a general GB using different criteria for the definition of GB atoms a) medium range order b) positional
disorder c) excess energy; d) View along the GB plane showing coherence across the GB (grey: fcc atoms, green: other-12 coordinated
atoms, blue: non-12 coordinated atoms).

4. Mechanical properties of nanocrystalline
metals and alloys
4.1. Yield strength and tensile elongation

Fig. 5. View normal to the same GB plane as in Fig. 4 showing the local pressure variations (colour code ranges from red
= 2 GPa and blue = ⫺2 GPa) a) before deformation b) after
0.5 nsec tensile deformation corresponding to 3% total strain.

The mechanical properties of fully-dense fcc
metals (Cu, Ni and Pd) with grain size less than
100 nm have been primarily derived from uniaxial
tension/compression tests and micro- or nanoindentation [19,22,31,35,36,40,69,70]. Typically,
these nanocrystalline metals exhibit significantly
higher yield strength, and reduced tensile elongation relative to their microcrystalline counterparts.
Furthermore, hardness and yield strength have
been found to increase with decreasing grain size
in this regime (⬍ 100 nm) down to at least 15 nm.
The reasons for this behavior are still under debate
as dislocation sources within grains are not
expected to operate at these grain sizes. In addition,
there is no documented evidence of dislocation
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pile-ups in deformed specimens, and any dislocation activity is primarily believed to originate
and terminate at grain boundaries. Furthermore
experimental evidence [32,33,71–73] indicates that
below a grain size of ~10 nm, strength decreases
with further grain refinement (the so-called
“inverse Hall-Petch-type” relationship). In this
regime, grain boundary sliding and/or Coble creep
apparently constitute the dominant deformation
modes [72,73]; yet, there appears to be no direct
experimental confirmation in the published literature of the operation of these processes.
Results of uniaxial tensile tests reveal several
unusual features specific to the deformation of ncmetals with fcc structures. For instance, the tensile
elongation at fracture of nc metals is low relative to
their conventional mc counterparts [19,35,36,69].
This behavior is often attributed to plastic instability originating from the lack of an effective
hardening mechanism and/or internal flaws; this
instability manifests itself as either shear bands or
through “early” necking, as discussed by Ma [74].
Ebrahimi et al. [22] compared 100-µm thick coldrolled mc copper with electrodeposited nc-Cu, and
concluded that the low tensile elongation to fracture in these thin sheet specimens was a consequence of the early onset of plastic instability causing localized deformation. The observation of
macroscopic chisel-tip fracture in electrodeposited
nc-Ni and nc-Cu [22,36] tensile tests with little tensile elongation to fracture supports the localized
deformation hypothesis. In this context, Jia et al.
[75] have shown the formation of localized shear
bands during compression deformation of nc body
centered cubic (bcc) Fe at quasi-static strain rates
at room temperature; they further noted that the
width of the band increased with increasing strain
and increasing grain size. Shear bands have also
been reported in nc Fe-10%Cu alloy in compression and in tension [76], in nc Pd in compression [77] and in nc Cu in fatigue [78]. Early
necking was observed in nc-electrodeposited Ni
[35] and it was shown that the shape of the tensile
stress-strain curve and tensile elongation were
affected by specimen size, with uniform deformation along the gauge section observed in small
specimens but not in larger specimens. The
observed differences were attributed to microstruc-
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tural inhomogeneity. Since a number of experimental studies have focused on electrodeposited nc
Ni, it is pertinent to recall the results of Robertson
and Birnbaum [79] on the effects of hydrogen on
deformation and fracture of conventional polycrystalline Ni. They demonstrated that hydrogen
decreases the stress required for crack advance and
localizes deformation.
In the early stages of permanent deformation,
independent of the technique used to produce the
nc-Ni or nc-Cu, a strong “work hardening”
response is always observed [19,22,31,35,36,69]
and in some cases, it appears to be stronger than
that seen in mc metals [19,22]. Mechanisms for
high work hardening in fcc metals include the
formation of dislocation locks such as the LomerCottrell locks, formation of dipoles and significant
pinning due to dislocation intersections [80,81],
none of which has been experimentally demonstrated for nc metals. The inability to observe these
features has raised questions regarding the origin
of the non-linear portion of the stress-strain curves
obtained for nc metals.
The above discussion has focused on fcc metals
and alloy. However, mechanical properties of nc
body centered cubic (bcc) and hexagonal close
packed (hcp) metals and alloys have also been
obtained [75,76,82–85]. Electrodeposited nc-Co,
for example, with an average grain size of 12 nm
shows tensile elongation comparable to that of mcCo [84]; the limited amount of information available on such systems precludes the extraction of
general trends.
4.2. Strain rate effects in tension, compression
and indentation
Experimental studies have shown that nc metals
exhibit highly strain-rate sensitive mechanical
response under different loading conditions. These
investigations also reveal that an increase in the
loading rate generally leads to an increase in tensile
strength, whereas the observed dependence of ductility on loading rate appears to depend strongly on
processing, composition and testing method
employed to probe rate sensitivity. In an early
study published on this topic, Wang et al. [86]
found electrodeposited nc Ni to be highly strain
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rate sensitive at room temperature. Lu et al. [6,31]
reported that electrodeposited nc copper, with an
average grain size of about 30 nm, showed only a
moderate increase in flow stress, from about 85–
150 MPa at 1% plastic strain, as the strain rate was
raised from 6 × 10⫺5 to 1.8 × 103 s⫺1. However,
the strain to failure was observed to increase markedly with increasing strain rate. This trend is distinctly different from that of conventional mc copper where the fracture strain is known to drop
slightly with strain rate. Dalla Torre et al. [35], on
the other hand, observed that the ductility of electrodeposited nc Ni decreased as the strain rate was
raised from 5.5 × 10⫺5 to 5.5 × 10⫺2 s⫺1. They
also found that the tensile strength was essentially
independent of strain rate over this range, whereas
it increased significantly as the strain rate was
raised from 101 to 103 s⫺1. Mukai et al. [87] investigated the response under quasi-static tension and
high-strain-rate dynamic tension (using the splitHopkinson bar) of several Al-Fe alloys (in the Fe
composition range 1.15–1.71 at.%) produced by ebeam deposition. These alloys comprised
microcrystallites with high angle boundaries and
nc subgrains. The flow stress was found to be
higher for the strain rate of 1.1 × 103 s⫺1 than that
for 10⫺3 s⫺1, although the elastic limit and tensile
strain to failure were essentially unaffected by
strain rate. Mukai et al. [87] observed that while
the high angle boundaries had the effect of enhancing ductility, the smaller grains imparted a higher
strength.
A number of complications arise in establishing
a clean comparison of the foregoing experimental
data. Firstly, the materials with which strain rate
effects were studied were produced by different
processing routes. Consequently, their structure,
purity and distribution of grain sizes were different,
and in many cases, the materials were not thoroughly characterized by recourse to high-resolution
electron microscopy. Secondly, experimental
methods used to impose different strain rates on the
specimen often involved widely different loading
methods, even in the same study. For example,
direct quasi-static tension test results for slow
strain rates are often compared with high-strainrate experiments performed using dynamic loads
where the specimen geometry and stress state are

considerably different. As a result, it is often difficult to isolate the effects of experimental artifacts
from intrinsic rate sensitivity of material response.
Thirdly, the volume of material sampled by different experimental techniques is usually different,
and given the small specimen dimensions commonly used to probe many nc metals, it is essential
to isolate any possible effects of specimen size
from intrinsic material properties. With these considerations in mind, Schwaiger et al. [88] performed systematic experiments to investigate the rate
sensitivity of deformation of a well characterized,
fully dense, nc pure Ni produced by electrodeposition with a grain size of approximately 40 nm
(whose structure is revealed at high resolution in
Fig. 3(a) and (b)) using two different experimental
techniques: depth-sensing instrumented indentation
and direct tensile testing. In order to assess the
effects of grain size on rate sensitivity, they also
performed parallel experiments on a similarly produced electrodeposited ufc Ni.
Fig. 6(a) shows results of constant strain rate
indentation tests on the nc Ni at three different
strain rates, whereas Fig. 6(b) shows results of four
different constant load rates on the indentation
response of the same material [88]. It is evident
that, over the range of values examined, an
increase in strain/loading rate causes a small, but
experimentally reproducible, increase in the indentation stiffness which is reflected in the measured
hardness values. Identical experiments performed
on the electrodeposited, ufc Ni, with an average
grain size about 300 nm, did not reveal any rate
sensitivity of indentation response or hardness
[88]. Considerably larger experimental scatter was
observed in the case of the ufc Ni, possibly as a
consequence of the significantly larger variation in
the distribution of grain sizes. The results summarized in Fig. 6, along with the related data presented
in [88], clearly show that nc pure metals exhibit a
noticeably more pronounced strain rate sensitivity
compared to their larger-grained counterparts.
Fig. 7(a) is a plot of the effect of strain rate, in
the range 3 × 10⫺3 to 3 × 10⫺1 s⫺1, for the nc Ni
subjected to direct tension loading [88]. It is evident from this plot that the overall trends seen in
the indentation tests are also observed in the tensile
tests. The flow stress of nc Ni increases noticeably
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Fig. 6. Depth-sensing instrumented nanoindentation response
of electrodeposited nanocrystalline Ni subjected to (a) constant
strain rate indentation and (b) constant loading rate indentation.
Each curve in (a) and (b) represents an average of 5 different
experiments along with an error bar. From Schwaiger et al. [88].

with strain rate although no clear trends could be
established on the effects of strain rate on tensile
strain to failure.
The mechanisms underlying the unusual ratesensitivity of deformation of nc metals and alloys
are not fully understood at this time. However,
potentially useful insights into such mechanisms
can be gained from computational simulations that
seek to explore the effects of different structural
factors. While such simulations inevitably call for
methods that appropriately account for the atomistics of deformation (see later section), continuum
formulations of the overall deformation response
also provide additional information on rate-sensi-
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Fig. 7. (a) Results of tensile tests at three different strain rates
on electrodeposited nanocrystalline Ni with an average grain
size of 40 nm, and (b) Finite element computational simulations
of the tensile stress-strain response of nanocrystalline Ni (grain
size, 30–40 nm) at three different strain rates, assuming a
GBAZ volume fraction of 25%. The symbol “x’ refers to tensile
strength. From Schwaiger et al. [88].

tivity at realistic time scales which cannot be
obtained solely from experiments or atomistic
simulations. One such analysis was presented by
Schwaiger et al. [88] who employed finite element
modeling within the context of unit cell formulations with periodic boundary conditions in an
attempt address the following questions. (1) If one
postulates the existence of a region neighboring the
grain boundary (so called “grain boundary affected
zone” or GBAZ) of a nc metal wherein the crystalline lattice is locally strained differently than the
interior of the grain, can possible differences
between the rate sensitivity of deformation (as esti-
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mated, for example, by a pure power law, ratedependent constitutive response) of GBAZ and
grain interior be used to rationalize the overall
strain-rate sensitivity of the nanocrystalline metal?
(2) How does the volume fraction of such a postulated GBAZ affect deformation? (3) By invoking
a criterion for tensile failure within the context of
a finite element model, can the overall tensile ductility of the nc metal be estimated as a function of
imposed strain rate?
Schwaiger et al. [88] considered hexagonal
grains with a plastically softer GBAZ whose deformation was rate-sensitive and a plastically harder
grain interior, with the effects of their relative volume fractions on strength and ductility examined
for different nc metals. A simple strain-based criterion for failure was postulated: material
damage/failure initiates when the local plastic
strain reaches a critical value, and the material
strength declines linearly with plastic strain to zero
over a certain plastic strain increment. This model
was used to rationalize stress-strain characteristics
and tensile strain to failure as a function of several
different strain rates. Fig. 7(b) shows the computationally predicted tensile stress-strain response
and tensile strain to failure values for nc Ni (grain
size 30–40 nm) at three different strain rates [88],
assuming 25 vol.% for GBAZ. While the simple
finite element analysis based on the GBAZ unit cell
model is at present based on a hypothetical structure which has not been backed by direct experimental verification, it is evident from Fig. 7(b) that
it provides one possible rationale for the influence
of strain rate on tensile strength and ductility.
Fig. 8 provides a summary of experimental
results available in the literature on the effects of
strain rate, from 10⫺5 to 104 s⫺1, on the yield
strength of a wide variety of mc, ufc and nc metals
and alloys [87]. It is evident from this figure that
nc metals show a significantly more pronounced
strain-rate sensitivity than coarser grained
materials over a wide range of strain rates.
4.3. Fracture and fatigue response
Developing an understanding of the damage tolerance of nc metals and alloys is essential for evaluating their overall usefulness as structural

Fig. 8. A summary of experimental data available in the literature on the variation of dynamic yield strength (normalized by
the corresponding static yield strength at the slowest strain rate)
for a wide variety of microcrystalline, ultrafine crystalline and
nanocrystalline metals and alloys. Results taken from literature
survey by Mukai et al. [87] (where further information on the
original sources can be found), with additional results from
Schwaiger et al. [88].

materials or coatings in engineering components.
Such understanding should inevitably include comprehensive knowledge of the resistance to fracture
initiation and growth under quasi-static and
dynamic loading conditions, and of stress- and
strain-based total fatigue life and subcritical crack
growth under fluctuating loads at different mean
stress, cyclic frequency and environment. Many
attractive features of nc metals, such as high
strength, high hardness, and improved resistance to
wear and corrosion damage (as compared to conventional metals), would likely be rendered nonviable if the damage tolerance of these materials
does not meet certain minimum acceptable levels
for particular applications.
Despite such need, very little published information is presently available on the damage tolerance characteristics of nc metals and alloys. This
paucity of information can be attributed to the fact
that processing methods, such as electrodeposition
or e-beam deposition, which are used to produce
fully dense nc materials with uniform purity and
uniformly small grain sizes (typically smaller than
100 nm or so) typically yield only thin foils that
are at most only several hundred micrometers in
thickness. Although these methods can provide
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material with large in-plane dimensions, typically
in excess of 100 × 100 mm, the small specimen
thickness poses considerable experimental difficulties in performing a “valid” test to extract fracture toughness, resistance-curve or fatigue properties. Such difficulties include severe constraints in
gripping the test specimen or imposing controlled
loads and stress states without experimental artifacts such as out-of-plane bending or buckling of
the specimen. Specifically, special precautions
should be taken to ensure that the thin foils are
not subjected to any bending moments during the
application of static or cyclic tensile loads; these
measures invariably restrict the range of loads,
stress intensity factors, mean stress levels, cyclic
frequencies or test environments imposed on the
specimen. Similarly, the possibility of buckling of
the thin specimen restricts cyclic loading tests
primarily to direct tension loading or three or four
point bending tests. In addition, a significant range
of the subcritical crack growth experiments performed under quasi-static or cyclic loading represent
plane stress states because the plastic zone size at
the tip of the crack is comparable to or larger than
the specimen thickness.
The limited through-thickness dimension of the
specimens is an impediment to extracting “valid”
damage tolerance properties of nc materials produced by some processing methods. In other cases,
it is possible to circumvent these barriers by adopting processing methods, such as the mechanical
alloying/consolidation or the equal-channel angle
pressing techniques described earlier in Section 2.
These methods provide materials of sufficient volume to perform conventional fracture and fatigue
tests on nc materials which conform to the standards specified by the American Society for Testing and Materials and which can also be directly
compared with results available in the literature on
mc materials. A significant drawback of such processing methods, however, is that they produce
highly inhomogenous microstructures with pronounced variations in grain size, grain structure,
and defect density, and that they contain high
initial defect densities as well as relatively large
grain dimensions (typically on the order of up to
several hundred nm). These complexities constitute
serious obstacles in using such materials for study-
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ing fundamental mechanisms of crack initiation
and propagation and for examining, in a systematic
manner, the connections between structure and
damage tolerance.
Mirshams et al. [89] studied the quasi-static
fracture toughness of thin sheets of nc nickel produced by electrodeposition by investigating their
R-curve response. In this approach, the stress
intensity factor or strain energy release rate is plotted against the increment in crack length with the
objective of assessing the resistance of the material
to quasi-static crack growth in a subcritical manner, usually for specimens in a state of plane stress.
Mirshams et al. [89] studied subcritical growth
resistance by monitoring R-curves with small compact tension specimens where a clip gage was used
to monitor crack extension along with optical
microscopy. Their results revealed a strong influence of annealing temperature and carbon doping
on the resistance-curve behavior of nickel with an
average grain size which varied in the range of 19–
48 nm. For undoped and 500-ppm carbon-doped
nc Ni with an average grain size of approximately
20 nm, they reported plane stress steady-state
quasi-static fracture toughness values of about 120
and 20 MPa√m, respectively, for specimen thicknesses of 0.22 and 0.35 mm, respectively (with inplane dimensions being 32 × 40 mm in both cases).
By contrast, the corresponding fracture toughness
for a pure polycrystalline Ni with an average grain
size of 21 µm was found to be approximately 60
MPa√m. Thermal annealing and carbon doping
were found to deteriorate crack growth resistance.
These experiments [89] provide useful insights into
the damage tolerance response of the nc Ni. However, they also raise interesting questions and concerns that require substantial further inquiry. (a)
The structure of the materials studied had not been
investigated in detail using electron microscopy.
(b) It appears that small-scale yielding conditions
did not prevail over the full range of stress intensity factor values for which damage tolerance
values were reported. As a result, the validity in the
use of stress intensity factor to characterize fracture
response becomes somewhat questionable,
especially at the higher stress intensity levels. (c)
The reported fracture properties have not been substantiated by independent experimental results
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employing different specimen geometry or loading
methods. (d) No mechanistic investigations of the
origins of differences between different test conditions were undertaken. (e) Typical scatter in the
experimental data and issues associated with reproducibility of results for the testing conditions as
well as for crack growth monitoring were not
reported.
Independent experimental studies of fracture
resistance in fatigue-pre-cracked 100 µm-thick
pure Ni sheets with a narrow range of grain size
(20–40 nm), also produced by electrodeposition,
reveal that the plane stress fracture toughness in
laboratory air is at least about 25 MPa√m [90].
Thus, the limited extent of experimental information available to date, primarily on electrodeposited nc Ni, appears to indicate that the material
has a reasonable fracture toughness considering its
relatively high strength and low ductility compared
to mc Ni. However, further experimental studies
of fracture toughness in nc metals and alloys are
critically needed so as to develop a fundamental
framework with which their fracture mechanisms
can be systematically assessed.
It is widely recognized from the wealth of
experimental information available in the literature
(e.g., [91]) on conventional metals and alloys that
grain refinement markedly influences the resistance
to fatigue crack initiation and propagation. In mc
materials, a reduction in grain size generally results
in an elevation in strength which engenders an
increase in fatigue endurance limit during stresscontrolled cyclic loading of initially smoothsurfaced laboratory specimens. Since the total
fatigue life under such conditions is dominated by
crack nucleation and since fatigue cracks generally
nucleate at the free surface (in initially flaw-free
metals), grain refinement here is considered to
result in improvements in fatigue life as well as
endurance limit, with all other structural factors set
aside. On the other hand, a coarser grain structure
with lower strength and enhanced ductility generally plays a more beneficial role in the strain-controlled fatigue response of metals and alloys. Here
the low cycle fatigue properties generally improve
with grain coarsening, with all other structural factors set aside. The situation is somewhat different
when the effects of grain size on fatigue crack

growth behavior are examined in mc metals and
alloys. In the near-threshold regime of fatigue
crack growth, where the extent of fatigue crack
growth per stress cycle is on the order of a lattice
spacing, finer grained materials usually exhibit a
relatively faster rate of crack propagation and a
lower fatigue threshold stress intensity factor range
[91,92]. This trend is at least partially ascribed to
the reduced level of fracture surface roughness
seen in the finer-grained metal, as the deflections in
crack path promoted during crystallographic crack
advance are reduced with grain refinement [93]. In
addition, any lowering of effective stress intensity
factor range due to premature contact between mating crack surface asperities would also be expected
to be reduced due to grain refinement [91,93]. It
should be noted, however, that it is often difficult
to isolate the sole effects of grain size on fatigue
response since other structural factors such as precipitate content, size and spatial distribution, stacking fault energy and the attendant equilibrium
spacing of partial dislocations, and crystallographic
texture, are also known to have an important effect
on the fatigue characteristics of mc metals [91].
Although considerable experimental information
is available on the fatigue response of metals and
alloys with grain size typically larger than 1 µm,
little is known about the fatigue characteristics of
ufc and nc metals. Several studies have examined
the total fatigue life of ultra-fine crystalline metals
produced by equal channel angular pressing, where
severe plastic deformation was used for grain
refinement [94–96]. In these experiments involving
metals with average grain sizes of more than a hundred nm, repeated cyclic loading resulted in pronounced cyclic softening and a weakening of the
resistance to low cycle fatigue. These trends, however, have also been seen in microcrystalline metals and alloys where, as demonstrated by Feltner
and Laird [97], initially soft microstructures (such
as those produced after annealing) cyclically
harden, and initially hard microstructures (such as
those produced by severe cold working) soften as
a consequence of the realignment of dislocation
networks to a common saturated state of optimal
stored elastic strain energy. Similar behavior is
seen when the stacking fault energy of the metal
is altered by alloying, although lowering of the
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stacking fault energy leads to a cyclically hardened
state for the initially soft metal than the softened
saturated state attained for the initially harder
metal. This effect of stacking fault energy has been
attributed by Feltner and Laird [97] to the possibility of restricted cross-slip of screw dislocations
whose dissociated partials have a larger equilibrium separation because of the lower stacking fault
energy. In this case, the reduced propensity for
cross slip leads to different final states in the two
cases by constraining the ability of dislocations to
reorganize into a common final state. The cyclic
deformation results presented in [94–96] for ufc
metals thus exhibit trends which are consistent
with those well established for conventional mc
metals. These studies [94–96] have also shown that
the total fatigue life of ufc metals is generally
enhanced compared to that of their mc counterparts, as reflected in their relatively high fatigue
endurance limit values.
To the authors’ knowledge, there appears to be
only one published report [98] of the fatigue life
and fatigue crack growth characteristics of a wellcharacterized nc metal with a narrow grain size
range below the 100 nm level and with full density
and high purity. Hanlon et al. [98] compared the
stress-life (S-N) fatigue response of a fully dense,
electrodeposited nc Ni (grain size in the range 20–
40 nm) with that of a similarly produced ufc Ni
(grain size in the 300 nm range) and of a conventional mc Ni. They performed fatigue experiments
at zero-tension-zero loading (i.e., load ratio, R =
ratio of the minimum load to the maximum load
of the fatigue cycle = 0) at a cyclic frequency, n
= 1 Hz (sinusoidal waveform) in the nominal laboratory air environment. Fig. 9 shows that grain
refinement has a significant effect on the S-N
fatigue response of pure Ni. Nanocrystalline Ni has
a slightly higher, but reproducible, increase in the
tensile stress range needed to achieve a fixed life
and in the endurance limit (defined at 2 million
fatigue cycles) compared to the ufc Ni. Both nc and
ufc conditions have a significantly higher fatigue
endurance limit than the mc metal. Hanlon et al.
[98] also conducted fatigue crack growth experiments on nc Ni using edge notched specimens that
were subjected to cyclic tension at different R
ratios. Fig. 10(a) shows the increase in fatigue
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Fig. 9. S-N fatigue response of electrodeposited, fully dense
nanocrystalline Ni (grain size 20–40 nm) compared to that of
a similarly produced ultrafine crystalline Ni (grain size approximately 300 nm) at R = 0 and frequency of 1 Hz in laboratory
air environment. Also shown for comparison are the literature
values of the range of endurance limit for microcrystalline pure
Ni. From Hanlon et al. [98].

crack length as a function of number of constant
amplitude fatigue cycles at a common initial stress
intensity factor range, 왕K = 11.5 MPa√m, at R =
0.3 and n = 10 Hz (sinusoidal waveform) in laboratory air for the nc, ufc and mc pure Ni. It is evident
that the rate of fatigue crack growth is significantly
increased with decreasing grain size in this intermediate regime of fatigue fracture. Fig. 10(b)
shows the constant amplitude fatigue crack growth
data for pure Ni as a function of grain size from
the mc to nc. Again, a marked reduction in grain
size from the micrometer to the nanometer scale is
seen to result in up to an order of magnitude
increase in fatigue crack growth rates in the intermediate regime of fatigue fracture. Such trends are
fully consistent with the mechanistic expectations
of fatigue fracture based on results available for
mc alloys that were mentioned earlier in this section. These results reveal that strategies for grain
boundary engineering that lead to an improvement
in the total fatigue life may have a concurrent detrimental effect in that they can deteriorate the resistance to subcritical crack growth under constant
amplitude fatigue.
The foregoing trends seen in pure nc Ni also
appear to carry over to the more complex situation
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Fig. 11. Comparison of the constant amplitude fatigue crack
growth characteristics of a mechanically alloyed Al-7.5 wt%
Mg alloy with an average grain size of approximately 300 nm,
produced by cryomilling and consolidation, with that of a commercial Al-5083 alloy with microcrystallites. From Hanlon et
al. [98].

fatigue crack growth response of a commercial
aluminum alloy 5083 with similar composition but
with mc structure, the cryomilled alloy shows relatively faster crack growth rates which are more
than an order of magnitude higher in the intermediate regime of fatigue crack growth. The finer
grained alloy also has a lower fatigue crack growth
threshold stress intensity factor range [99].
Fig. 10. A comparison of the fatigue crack growth characteristics of pure Ni as a function of grain size spanning the microto the nano-scales. (a) Increase in crack length with fatigue
cycles for the nc, ufc and mc Ni at a common initial 왕K =
11.5 MPa√m1/2, at R = 0.3 and n = 10 Hz. (b) Constant amplitude fatigue crack growth response under the same test conditions. From Hanlon et al. [98].

involving commercially produced ufc alloys where
conventional fatigue fracture studies could be
undertaken using standard experimental techniques
widely used for mc metals because of the large
volume of material available for investigation. Fig.
11 shows the constant amplitude fatigue crack
growth response of a cryomilled Al-7.5 wt% Mg
alloy with an equiaxed grain size of approximately
300 nm [99]. Note that, when compared to the

5. Deformation mechanisms
It was noted in earlier sections that nc metals
and alloys exhibit a number of apparent anomalies
in their deformation and failure processes as compared to microcrystalline alloys. (1) At grain sizes
typically smaller than 100 nm, nc metals seldom
follow “Hall-Petch” type strengthening with grain
refinement. Such behavior is not fully surprising in
that the mechanism commonly associated with
Hall-Petch type strengthening, i.e. dislocation pileup at grain boundaries, has not been experimentally documented in nc metals. Furthermore, below
a certain transition grain size, typically on the order
of 5–15 nm in fcc metals, there appears to exist a
region in which strength and hardness decrease

K.S. Kumar et al. / Acta Materialia 51 (2003) 5743–5774

with decreasing grain size. (2) As shown in Figs.
6–8, the dependence of yield strength on strain rate
is distinctly different for nc metals and alloys compared to their mc counterparts. Furthermore, the
strain to failure in nc metals appears to vary with
strain rate in a manner opposite to that seen mc
metals and alloys (see Fig. 7). In this section we
review current understanding of deformation of nc
metals and alloys, starting with the insights
afforded by atomistic computer simulations which
are supplemented with experimental observations.
The discussion of experimental observations is divided into two subsections: the first dealing with
controlled, model experiments, and the second
involving microscopy.
5.1. Atomistic simulations
The use of large scale molecular dynamics (MD)
simulations has provided insight into the atomic
scale processes that may occur during plastic
deformation. Such computer simulations are usually performed in uniaxial tension, with high loads
chosen to produce a measurable strain within the
sub-nanosecond MD time scale. The restricted
time-scale, nanoseconds compared to hundreds of
seconds in real experiments, may exclude certain
time-dependent processes. Simulations should
therefore be regarded only as a source of
inspiration and quantitative guidance and not as a
means to validate or disprove the existence of a
mechanism.
Two approaches have been taken in the simulations of deformation: the first where a constant load
is applied and the evolution of deformation over
time is followed [61,62,100–108], and the second,
where deformation is applied by constant strain
steps, followed by a short relaxation time, mimicking constant strain rate deformation [59,109]. In
both types of simulation, the samples deform at
very high strain rates and care should be taken to
ensure that the stress waves travel at speeds several
orders of magnitude below that of the speed of
sound in the sample. This can be avoided by keeping the strain rate on the order of 107/sec. Simulations have been performed at room temperature
and at higher temperatures [102,110], the latter in
order to enhance diffusional activities.
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At room temperature and in fully 3D GB networks with a mean grain size below 30 nm in Ni
and Cu, the simulation demonstrates the ability of
the nano-sized GB network to accommodate an
external applied stress by means of GB sliding and
emission of partial dislocations involving local
structural changes in the network [59,101–
103,109]. The interplay between the two mechanisms constitutes the origin of the formation of
local shear planes which facilitates further plastic
deformation [105]. It has also been observed that
along the shear plane, grains with small misorientations can coalesce to form a larger grain. The
partial dislocation activity seems to be more effective in grains with a mean grain size that exceeds
10 nm, the size being dependent on the stacking
fault energy of the material [100]. When a constant
strain rate is applied to nc Cu, the yield stress is
found to decrease with decreasing grain size, thereby suggesting a reverse Hall-Petch type relationship [59,109]. This softening has been ascribed to
the increased content in GB atoms that facilitate
sliding, but no direct link with dislocation activity
has been made. Simulations on samples containing
125 grains allowing cooperative grain mechanism
have shown that partial dislocations emitted from
GBs are also observed in 6 nm sized grains as a
means for transferring slip along a mesoscopic
shear plane [105].
Both grain boundary and the dislocation plasticity appear to be triggered by atomic shuffling
and, to a minor extent, by stress-assisted free volume migration. The result is a local change in the
structure of the GB which causes redistribution of
peak values of shear stress and compressive hydrostatic pressure in neighbouring parts of the GB network. Atomic shuffling involves short-range
atomic motion in which an atom shifts from a position associated with one grain orientation to a position associated with another neighbouring grain
orientation or an intermediate one [111]. This process does not involve long-range mass transport
and is therefore not diffusion-based. The free volume migration is often observed in connection with
partial dislocation emission from the GBs
[102,103]. No preferred direction has been
observed in the free volume migration as would be
expected from a Coble creep mechanism at room
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temperature. The changes in local stress distributions during sliding are shown in Fig. 5 where
a view perpendicular to the GB plane is given for
a GB with a misorientation of 50° around the [110]
axis of one of the grains (as was described earlier
in the section on grain boundary structure). Fig.
5(a) shows the stress distribution prior to deformation and Fig. 5(b) after 0.5 ns of tensile deformation. This GB has been observed to migrate during sliding (which as shown in Section 5.2, also
has some experimental support from bubble raft
model studies) and involves atomic activity and,
to a minor extent, free volume migration. In other
words, the simulations underscore the benefit of
the presence of GBs that can reduce their stress
state during the deformation.
Fig. 12 represents the atomic configuration of a
section of grains 12 and 13 (denoted G12 and G13)
in a 12 nm Ni sample, both before (a) and after
(b) the emission of a partial dislocation at about
0.3 ns of deformation. The GB and the two neighbouring triple junctions are represented by the
blue-green atoms, the hexagonal close packed
(hcp) atoms in the stacking fault behind the partial

Fig. 12. Section of the GB between grain 12 (G12) and grain
13 (G13) before (a) and after (b) the emission of a partial dislocation. The GB planes where GB dislocations can be observed
are numbered. The inset shows a detailed view on the atomic
motion towards the nucleation site.

are colored red. The view is along a [1–10] direction of grain 13, where for this grain the unit cell
has been highlighted by the yellow rectangle. The
grain boundary plane is close to a (1–113) plane
of grain 13 and the tilt angle between the observed
(111) planes in grain 13 and 12 is approximately
24°. The twist angle was found to be approximately 18°. The GB structure accommodates the
above-mentioned misfit through a GB dislocation
(GBD) network. The planes where GBD are
observed are numbered in Fig. 12(a) and two of
them are marked by a yellow circle. Just after the
emission of the partial, a free volume unit of the
size of a vacancy migrated from GBD3 towards
GBD2, followed by a rearrangement of the other
GBDs. The migration of atoms towards the
nucleation site (free volume away from nucleation
site) is shown in the inset in Fig. 12(b). For a more
detailed description of the emission process, the
reader is referred to [102,103].
Simulations of tensile deformation have also
been performed at room temperature on Al with
2D-columnar GB networks. The four columnargrains have special orientations, so that only three
types of grain boundaries are represented
[61,62,112]. For a 20 nm columnar diameter sample, it was shown that by increasing the load from
2–2.3 GPa, the strain rate increases by more than
two orders of magnitude resulting in strain rates of
~108–109/s, and that the deformation process
changes from one involving GB processes to one
dominated by partial dislocations with a strain rate
that depends inversely on the grain size. The presence of two length scales, one the grain size and
the other represented by the dislocation splitting
distance under stress, was recognized [62] as being
important to the onset of slip-deformation processes in nc Al. This analysis led to the generation
of a “dislocation-nucleation phase diagram” that
captured the interplay between these two length
scales. Twinning was shown to occur after
approximately 12% plastic strain and a stress level
of 2.5 GPa for a grain size of 45 nm, with twins
originating at grain boundaries as well as in the
grain interior from the interactions of stacking
faults [112]. The inverse dependence of the strain
rate on the grain size has however been recognized
as a geometrical consequence of the simulation
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setup and the nc-structure. This is so because the
strain arising from the nucleation and propagation
of a dislocation has a limiting length scale equal
to that of the grain size [104]. The observation of
a dislocation-dominated regime characterized by
mechanical twinning and unit dislocations (at the
larger grain sizes) was attributed to the relatively
high intrinsic stacking fault (SF) energy for Al
potential used in the simulations. The value of the
SF energy used in their potential is, however, lower
than value for the potential used in the simulations
for Ni [63], and therefore the observation of full
dislocations cannot be assigned to the stacking
fault energy alone.
In a detailed temporal and spatial analysis of the
contributions to the excess energy during emission
and propagation of a partial dislocation in a 3D nc
network, the effective SF energy of the sub-system
is found to be reduced by up to 50% via stress
relief within the entire grain and structural relaxation of the surrounding GB [63,67]. For a trailing
partial to follow its leading partial, and thus for
a full dislocation to be observed, the sequence of
nucleation and propagation associated with GB
structural activity must be repeated. It has been
observed that nucleation and emission of a partial
corresponds to the removal of a GBD from the GB
nucleation site and a reorganization of the remaining GBDs [102,103], suggesting that the barrier for
a full dislocation event may be considerable. The
atomic activity that underlies the structural relaxation is, to a great extent, inhibited in 2D columnar
networks due to the constraints coming from periodic boundary conditions and the process of
nucleation and emission is expected to be different
[63,67], possibly leading to the observation of full
dislocations at smaller grain sizes. That this atomic
activity in 3D GB networks is playing a key role
in the emission process has also been demonstrated
during simulations of nanoindentation of nc-Au
[113]. Indeed, by keeping the force constant under
the indenter and inhibiting accommodation by
means of atomic activity, full dislocations are emitted under the indenter, propagating through the
grain until they are absorbed at opposite GBs. It is
important to realize that due to the sub nanosecond time restrictions of an MD simulation
(usually less then 0.5 ns), the emission of a second
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partial on the same or on an adjacent plane, and
therefore the removal of a stacking fault defect or
the creation of a twin might not be seen. Much
longer simulations times might be required for this
phenomenon to be actually observed [63,67].
Deformation studies at higher temperatures
(0.7–0.9 Tm) suggest a Coble creep mechanism
with GB sliding as an accommodation mechanism,
known as Lifshitz sliding [46,110]. The conclusion
is drawn from calculation of an activation energy
extracted from the first 100 ps of strain-time curves
performed at different temperatures all above 70%
of the absolute melting temperature. Although
extrapolations of Coble creep mechanism to room
temperature have been proposed [46,110], there
does not appear to be justification for such an
extrapolation. This is because there is no fundamental basis to assume that the rate-limiting process at a temperature close to the melting temperature, where grain boundaries are no longer stable at
the timescale of seconds, can be also the dominant
process at room temperature.
Calculations of activation energies from constant load experiments [110] where the strain rates
are taken from the very initial stages of deformation can be misleading. Fig. 13 shows a straintime curve for a nc Ni sample with a mean grain
size of 12 nm where the sample is deformed during
1.5 ns. The initial strain rates of 107/s steadily
decrease by an order of magnitude over the ns
range [51]. This effect is expected to increase for
increasing deformation temperatures, especially

Fig. 13. Strain versus time for a computer simulated nc-Ni
sample with mean grain size of 12 nm showing the decrease in
strain rate as simulation time continues.
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when temperatures are high enough for grain
growth. The plot shows that the calculation of activation energies from Arrhenius-type curves will
give time-dependent results since a steady state is
not reached [101] and that it is therefore inappropriate to draw conclusion from this type of analysis
on the type of constitutive law that fits the deformation mechanism, such as establishing a Coble
creep dependence. Therefore, the only meaningful
information that can be extracted from MD simulations is from a careful classification of the atomic
processes taking place during deformation and verifying the occurrence of these processes at the
longer nano-second timescale.
Computational models at the atomic level have
also been developed in recent years to address the
fundamental issue of nucleation and kinetics of
defects in response to mechanical loading. In order
to make direct correlations with experiments in a
quantitative manner, many of these studies [113–
118, for example] have focused on defect
nucleation under conditions of nanoindentation of
surfaces, which is a convenient experimental tool
for quantifying local deformation. Using controlled
model experiments involving a raft of initially
defect-free soap bubbles as a basis to explore
defect nucleation and motion in a systematic manner (see the discussion in the next subsection), Li
et al. [119] and Van Vliet et al. [120] presented an
analytical formulation of the elastic limit which is
capable of predicting the location and slip character of a homogeneously nucleated defect in crystalline lattices. By postulating an energy-based local
elastic stability criterion, they have extended the
formulation to the atomic scale. They have also
demonstrated that this approach can be incorporated efficiently into commonly used computational
methods such as molecular dynamics and finite
element models. They have further validated and
calibrated the criterion for defect nucleation in the
single crystalline, initially defect-free lattice
through nanoindentation experiments on fcc crystals and on the bubble raft model. Quantitative
understanding of defect nucleation and motion
would be significantly enhanced if such criteria can
be extended to include defect nucleation at grain
boundaries in nc metals.

5.2. Bubble raft model experiments
As noted in the context of Fig. 1, experimental
studies on a number of nc metals have indicated
the possibility of a decrease in strength and hardness with decreasing grain size, below a certain
transition grain size, which is approximately 10
nm. Mechanistic origins of such an inverse HallPetch type effect are not well understood at this
time, partly because of the limitations of available
experimental tools to image and record, during
deformation, the deformation processes at nanometer resolution. In order to overcome such limitations, attempts have recently been made to visualize defect nucleation at the atomic level in nc
metals using the Bragg-Nye soap bubble raft model
[121], which is a two-dimensional (2-D) analog to
fcc metals [122,123]. As reviewed in [123], this
method entails the creation of a single crystalline
or polycrystalline 2-D raft of up to several hundred
thousand uniformly sized soap bubbles by forcing
pressurized air through a micropipette in a soap
solution. The interactions among the 1-mm diameter bubbles are analogous to the interatomic interactions of fcc metals, with the bubble size having
a geometric scaling with the atomic diameter of
approximately 0.3 nm. Van Vliet et al [123] produced such polycrystalline rafts with an average
grain size that had a value between 4 and 37 nm
(based on the above scaling analogy) and a variation in grain size of 20% or less. New rafts were
produced for each grain size. Localized deformation was introduced by nanoindentation, and
defect nucleation was monitored using video photography. The polycrystalline raft was used to
assess whether the deformation mechanisms varied
with grain size. The maximum pressure under the
indent was then estimated corresponding to the
onset of defect activity and was associated with
the magnitude of the critical resolved shear stress
required to induce defect activity. Fig. 14 shows
the variation of the flow stress (normalized by the
value of the critical flow stress at the maximum
strength at the transition grain size) for defect
activity, which approximately correlates with yield
strength, as a function of the grain size. Defect
activity was identified to be initiated by two different mechanisms: (i) nucleation of discrete dislo-
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5.3. Transmission electron microscopy
observations

Fig. 14. Normalized critical stress as a function of grain size
d. Red triangles indicate critical stress to initiate plasticity in
bubble raft nanoindentation experiments [123]. Filled and open
blue circles indicate experimental data for electrodeposited Ni
from several references cited in [123] and molecular dynamics
simulations for Cu [59], respectively.

cations at grain boundaries and triple junctions and
(ii) motion of grain boundary regions by migration
and/or sliding. Crystalline rafts with an average
grain size typically larger than 7 nm primarily
exhibited the former process whereas the latter
mechanism was dominant below an average grain
size of about 7 nm. Despite the obvious limitations
of the 2-D bubble raft in providing realistic features of defect nucleation in a 3-D nc metal, the
results of Fig. 14 provide an experimental justification and a unique in-situ visualization of the
possible occurrence of a transition from strengthening with grain refinement to weakening with
grain refinement. Remarkably, the transition grain
size of approximately 7 nm found in the bubble
raft experiments is the range of values found from
hardness measurements of nanocrystalline Ni,
which are also plotted in Fig. 14. It is also interesting to note that the observations of weakening with
decreasing grain size below 7 nm in the bubble
raft experiments are qualitatively similar to those
predicted by Shiøtz et al. [59] in their atomistic
computational simulations of nanocrystalline Cu;
these predictions are also indicated in Fig. 14.

5.3.1. Dislocation plasticity
It is generally accepted that conventional dislocation sources such as the Frank-Read source cease
to operate in nc metals, and that grain boundaries
become potential dislocation sources and sinks.
Post-deformation observations of nc specimens in
the transmission electron microscope have failed
to reveal dislocation debris characteristically
observed in deformed mc specimens [41,69].
Alternate deformation mechanisms such as grain
boundary sliding, Coble creep and grain rotation
have been suggested in simulations and proposed
in analytical models [72,73,101,109,124,125].
However, convincing experimental evidence has
not been provided thus far to support the notion
that these mechanisms are operative. Limited creep
studies that have been performed to date provide
conflicting information: GB sliding is suggested as
the deformation mechanism in electrodeposited Cu
during tensile creep tests performed at 20–50°C
[126], but similar experiments on nc-Cu and nc-Pd
show creep rates much lower than that predicted
for diffusional creep at low-to-moderate temperatures [127]. Grain boundary sliding has been proposed as a dominant deformation mechanism in
nanocrystalline Zn [85] but experiments were conducted at or above room temperature, which is a
significant fraction of the homologous temperature
of zinc.
The absence of dislocation debris in deformed
specimens has led to several in-situ deformation
studies in an attempt to observe possible dislocation activity during deformation [41,128–131].
While the in-situ deformation technique is instrumental in revealing deformation processes at the
crack tip, the problem associated with the influence
of the pair of free surfaces present in the electrontransparent region of the thin foil on inferred deformation modes [132] raises questions about the
applicability of these observations to bulk material
deformation. However, the observations are
intriguing, since in nearly all cases, dislocation
activity is observed in the vicinity of the crack tip.
In-situ deformation of a tensile specimen in the
transmission electron microscope [41] has revealed
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that, in nc Ni with grain size in the 30–40 nm
regime, copious dislocation emission is triggered
at the crack tip, and that there is some evidence of
this process extending over several grains ahead of
the tip. Furthermore, it appears that these dislocations are generated at grain boundaries, and that
they proceed to the adjacent/opposite boundary
where they are absorbed. Nano-scale voids evolve
at grain boundaries and triple junctions ahead of
the crack tip and they eventually grow and coalesce
to form larger dimples. Similar observations have
also been made by Youngdahl et al. [129] in nc
Cu produced by inert gas condensation followed
by compaction. The material was reported as being
97% dense and having a broad grain size distribution range from 20–500 nm, although “the
majority” was between 50–80 nm. More recently,
in-situ studies have been performed on uniform
100 nm thick Ni films synthesized either by pulsed
laser deposition or by DC magnetron sputtering
[131]. Both films had grain sizes below 50 nm and
were transparent to electrons so that thinning procedures could be avoided. A starter crack was
introduced before deformation. The authors report
“pervasive dislocation nucleation and motion” in
grains as small as 10 nm and indirect evidence for
minimal contribution from GB sliding. A different
behavior in failure mechanism was observed
between the two films, and this was attributed to
the presence of GB porosity.
In-situ electron microscopy studies to date have
been able to confirm dislocation activity in the
neighborhood of a crack tip during tensile testing.
There is no evidence of extended partial dislocation activity during the in-situ experiments (as
suggested by simulations), but this might be due
to several reasons: i) the difference in time scales
between the in-situ experiments and the simulations as suggested in previous paragraphs, and ii)
experimental difficulties relating to the dynamic
nature of the in-situ experiments combined with
the need to conduct them in the bright field mode at
high magnification in order to view the individual
grains and dislocations within them. Recent atomistic simulations of crack propagation in nc-Ni
samples similar to those reported previously have
shown evidence for extensive dislocation activity
at the crack tip, including full dislocations and

twinning in grains as small as 10 nm [133]. These
results indicate that the dislocation activity
observed in in-situ tensile testing in the microscope
has to be related to the propagation of the crack
and that extrapolation to bulk tensile deformation
may be tenuous.
Recently, it was inferred from X-ray diffraction
experiments that cold rolling of 10–30 nm grain
size Pd (produced by gas-phase condensation)
caused an increase in stacking fault density,
although the grain shape remained equiaxed and
there was no preferred texture [30]. Further, in this
study [30], transmission electron microscopy evidence was provided for the first time for the existence of a mesoscopic glide plane.

5.3.2. Twinning
Twinning is an alternate mode of plastic
deformation and it has been observed in conventional fcc metals and alloys with low stacking fault
energy (e.g. austenitic stainless steel [134]; Cu-Al
alloys [135]); Twins have also been observed in
fcc metals and alloys with relatively high stacking
fault energy when extreme deformation conditions
are imposed (cryogenic temperatures, shockloading, and/or large strains). For example, deformation twinning was noted in an Al-4.8% Mg alloy
during cryogenic shock loading [136]. Embury et
al. [135] postulate two necessary conditions for the
formation of deformation twins in fcc metals: (1)
a change in the dominant slip system must occur,
and (2) a critical stress level needs to be reached
locally at the site of the twins. Recently, Kumar et
al. [41] reported the observation of twins during
the deformation of electrodeposited nc Ni in the
transmission electron microscope, (Video images
of the formation of twins can be found in the
supplementary material provided in [41] at the
website: http://ninas.mit.edu/Submission/SupInfo/
index2.html). Computer simulations of deformation of nc Al with a grain size of 45 nm [112]
have also shown that twinning occurs after
approximately 12% plastic strain and a stress level
of 2.5 GPa, with twins originating at grain boundaries as well as in the grain interior, the latter
resulting from the interactions of stacking faults.
Chen et al. [137] have reported deformation twin-
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ning in vapor-deposited nc aluminum that was severely deformed by micro-indentation and grinding.
Several key issues should be considered before
the possible role of twinning in influencing the
deformation characteristics of nc metals and alloys
can be ascertained. Growth twins are frequently
observed in electrodeposited Ni independent of
grain size (Fig. 15(a),(b)), in nc Cu produced by
gas-phase condensation (Fig. 11(c)), in ufc vapordeposited Au (Fig. 15(d)) and in vapor-deposited
nc Al [137]. Care must be exercised to differentiate
deformation twins from these growth twins. Furthermore, little is known about the role of growth
twin boundaries in assisting or hindering plastic
deformation in nc metals, and about the interaction
of emitted dislocations with the growth twin
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boundaries. Computations have thus far not
included such growth twins in the starting microstructure and since grown-in twins are observed
experimentally in very small grains, simulations
should address this issue. In the case of conventional mc Ni which is prone to twinning during
strain annealing, it has been shown that the presence of twin boundaries enhances corrosion resistance and reduces the propensity for intergranular
fracture [138,139]. Hydrogen and other interstitial
impurities are often present in electrodeposited
materials and these can also influence the twinning
stress of the material. For example, it is known
that nitrogen lowers the stacking fault energy in
stainless steels and encourages twinning [140].
There also remain questions regarding: i) the

Fig. 15. Growth twins (a) in electrodeposited mc-Ni, (b) in electrodeposited nc-Ni, (c) in nc-Cu produced by gas-phase condensation,
and (d) in ufc Au produced by electron beam deposition. Insets in (b) and (c) are bright field images, as are (a) and (d). (b) and (c)
are high resolution images.
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nucleation mechanism of such deformation twins,
ii) the stage of deformation at which they evolve,
and the dependence of onset of twinning on grain
size, and iii) the role they play in affecting the
overall deformation characteristics of the nc metal.
Currently available experimental evidence for
twinning in nc metals is predicated upon observations made under special circumstances. For
example, twinnig in nc Al was observed in a specimen which was subjected to significant plastic
deformation by indentation and extensive grinding
[137], whereas observations of twinning in nc-Ni
were reported during deformation in the transmission electron microscope in the last ligament of
a thin foil [41].
In summary, atomistic simulations seem to have
a potential for providing insight into the deformation mechanism at the atomic scale. However,
many aspects of the proposed mechanisms remain
to be explored and the comparison between simulated samples and experimental samples should be
considered with the necessary criticism. For
instance, simulated samples always have grains
without any defects, which is probably justified for
some kind of defects in grain sizes below 20 nm,
but less probable in 70 nm sized grains, as has been
simulated in 2D columnar networks. The incorporation of defects in the larger grains could activate
dislocation sources other then GBs and therefore
alter the global deformation response. Moreover
the simulated samples have densities comparable
to full dense nc-materials obtained by electrodeposition or severe plastic deformation, but the
experimental samples contain nanovoids, as evidenced by positron lifetime annihilations. The
simulated samples contain only free volume units
of the size of a vacancy or less.
6. Fracture mechanism(s)
The evolution of damage and final fracture in nc
metals and alloys is only beginning to be understood. Few systematic experiments have been conducted to elucidate how these processes proceed.
In what follows, we summarize the main experimental findings and their interpretation through
simulation and modeling, followed by a critical
view of microstructural issues.

The absence of substantial macroscopic tensile
ductility in nanocrystalline fcc metals together with
the observation of dimpled rupture on fracture surfaces (for example in Ni in [35,41,106]) leads to
the hypothesis that deformation is localized.
Whereas localized deformation is clearly manifested through the appearance of shear bands on
deformed specimen surfaces in nc bcc Fe and Fe
alloys even at quasi-static strain rates [75,76], this
does not appear to be the case in their fcc counterparts, where shear bands have been reported to
occur in nc-Ni only after high strain rate deformation [35]. It is worth noting that with the exception of [35], compression specimens have been
typically used to observe shear bands in nc
materials and they can be often be deformed to
larger strains than possible in uniaxial tension. The
restriction to thin sheet geometry for electrodeposited material has precluded compression tests and
encouraged widespread use of tension tests for the
nc metals produced by this process. In bcc nc-Fe,
TEM images taken from within the shear bands
show grains that are elongated in the shear direction whereas the grains remain equiaxed outside of
the band, a further testament to deformation localization [75]. However, since these tests were done
in compression, fracture surface were not available
for observation. How the deformation structure
evolves inside a shear band requires further experimental investigation.
In-situ TEM studies conducted for the purpose
of detecting possible dislocation activity during
deformation of nc metals and alloys also provide
some insights on the damage evolution process
ahead of the crack tip. In electrodeposited nc Ni
[41], voids at grain boundaries and triple junctions
ahead of the main crack grow with progressive
loading. A sequence of observations from [41] is
reproduced in Fig. 16(a)–(c) that illustrates damage
evolution during deformation. While there is
uncertainty about the validity of extending such
observations to bulk behavior, MD simulations
also suggest the formation of voids at grain boundaries and triple junctions ahead of the main propagating crack which then link up [141] producing
intergranular fracture.
In-situ tensile study on DC magnetron sputtered
nc-Ni and pulsed laser deposited nc-Ni [131] films
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Fig. 16. A region ahead of a crack tip in a thin foil of nc-Ni
with 30–40 nm grain size that was subjected to in-situ deformation in the TEM by the application of displacement pulses.
In (a), the region is shown in a “reference state” (0 pulse) even
though the specimen is under load; in (b) a single additional
displacement pulse opens the voids at grain boundaries and triple
points; and in (c) the application of 3 additional pulses further
opens these voids and promotes cracking along boundaries.
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of uniform thickness, both having mean grain sizes
of 15–20 nm, revealed the importance of the presence of nano-scale voids in the structure prior to
deformation. The magnetron sputtered Ni, containing some grain boundary porosity, failed in a brittle
manner via rapid coalescence of intergranular
cracks whereas the crack propagated slowly,
accompanied by continuous film thinning, in the
laser deposited film that contained no porosity
Fracture surfaces resulting from tensile tests
have frequently shown dimpled rupture in electrodeposited nc-Ni, nc Al-Fe and nc-Cu
[22,35,36,41,87]. Further, it has been shown that
the dimple size is significantly larger than the average grain size; in addition, in [41], a pair of mating
fracture surfaces was shown that clearly illustrated
the presence of significant stretching of the ligaments between the dimples that was taken to be
indicative of appreciable local plasticity. An
example of a fracture surface obtained from a tensile specimen of electrodeposited nc Ni with a
grain size of around 25–30 nm is shown in Fig.
17(a). It reveals dimpled rupture with the dimple
diameter and dimple depth (~300–400 nm) being
an order of magnitude larger than the grain size
(Fig. 17(a)). Furthermore, the dimple size is uniform and extends across most of the specimen
cross-section (Fig. 17(b)).
When the grain size is reduced to ~10 nm or
less, as in the case of an electrodeposited Ni-W
alloy (Fig. 2b), the resulting fracture surface from
a tensile specimen still continues to show what
appears to be dimpled rupture (Fig. 18(a)) with the
important difference that the dimple diameter on
an average is finer in size (but still much larger
than the grain size) relative to those seen in Fig.
17(a). Whether this is a direct consequence of a
reduction in grain size or is influenced by the presence of W in the alloy is unclear. Further, the dimples in Fig. 18(a) are shallower than those in Fig.
17(a), and they exhibit a wide size distribution. A
significant portion of the tensile specimen fracture
surface exhibited this mode of failure (Fig. 18(b)).
In-situ cracking of tensile specimens in the TEM
confirmed that the crack propagates in an unstable
manner in the nc Ni-W alloy as compared to the
30-nm grain size electrodeposited Ni.
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Fig. 17. Fracture surface of a 30 nm grain size electrodeposited Ni tensile specimen that was deformed in-situ in the TEM
but was fractured outside the microscope: (a) dimpled rupture
with dimples that are significantly larger in diameter (200–400
nm) than the grain size, and (b) a lower magnification image
showing the prevalence of the fracture mode.

As stated above, atomistic simulations of crack
propagation in full dense nc-Ni with mean grain
sizes of 6 nm and 12 nm [141] have shown that a
preformed crack propagates intergranularly with
the formation of nano-scale voids ahead of the
crack. In the simulation, plasticity is only observed
in the vicinity of the crack tip and therefore collective events such as those that may occur during
tensile deformation are excluded. On the other
hand, molecular dynamics simulation of tensile
deformation where plasticity is observed in the
entire specimen containing 125 grains with a mean
grain size of 6 nm shows the formation of mesoscopic shear planes as a result of GB sliding and

Fig. 18. Fracture surface of a ~10 nm grain size electrodeposited Ni-W tensile specimen that was deformed in-situ in the
TEM but was fractured outside the microscope: (a) dimpled
rupture with a range of dimple sizes that are larger in diameter
(100–200 nm) than the grain size, and (b) a lower magnification
image showing large areas of the fracture surface exhibiting this
mode of fracture.

partial dislocation activity. Additionally it has been
demonstrated that due to the presence of special
GBs that resist GB sliding, local shear planes can
be formed, creating a cluster of grains embedded
in a sliding environment [106]. Thus, a plasticity
length scale of the order of several grain sizes
emerges that may correspond to the dimensions of
the dimple structures seen on the fracture surfaces
resulting from experiments. In the simulations
[106], the applied technique does not allow the
observation of fracture, both, due to the time
restriction and due to the applied periodic boundary conditions. The formation of such a local network of shear planes could lead to the formation
of nano-cavities via unaccommodated GB sliding,
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and eventually macroscopic fracture that could be
additionally enhanced by the presence of preexisting voids.
Based on the observations of dimpled rupture,
dislocation activity at the crack tip, and the formation of voids at grain boundaries and triple junctions in the regions ahead of the advancing crack,
Kumar et al. [41] proposed a model for damage
evolution and fracture which is captured in the
sequence of events schematically depicted in Fig.
19. In the early stages of deformation, dislocations
are emitted from grain boundaries under the influence of an applied stress, when intragranular slip
is coupled with unaccommodated grain boundary
sliding to facilitate void formation at the grain
boundaries. Such voids do not necessarily form at
every boundary. Triple junction voids and wedge
cracks can also result from grain boundary sliding
if resulting displacements at the boundary are not
accommodated by diffusional or power law creep.
These grain boundary and triple junction voids
then act as sites for nucleation of the dimples
which are significantly larger than the individual
grains and the rim of these dimples on the fracture
surface do not necessarily coincide with grain
boundaries. Thus, at a local level, the nc-Ni demonstrates considerable plasticity (and could represent localized deformation within a shear band).
Its deformation and fracture processes are closely
related to the coupling of dislocation-mediated
plasticity and formation and growth of voids.
The fundamental difference between the two
approaches is that the atomistic simulations reveal
intergranular crack propagation, where the GBs
that are chosen by the crack path are determined by
plastic deformation processes, whereas the model
illustrated in Fig. 19 proposes the formation of
local ligaments with free surfaces as the voids
evolve, stretching in concert and finally leading to
transgranular fracture. Whatever the fracture mechanism, it is evident that the fracture will be heavily
influenced by microstructural features which have
up to now been mostly neglected such as the presence of nano-scale voids or even bubbles and the
presence of grown-in twins. It is well known that
bubbles filled with hydrogen (hydrogen bubbles)
are often present in electrodeposited metals and
these could serve as nucleation sites for the dim-
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ples without the need to nucleate additional voids
during deformation [31,142]. These bubbles can be
present at GBs as well as in the grain interior.
Additionally, positron annihilation has shown the
presence of nanovoids of 10–20 vacancies in
nearly all nc samples [35,39], and they are considered to populate grain boundaries and triple
junctions. However, their location has not been
experimentally verified. The presence of twins has
been suggested as an interface control mechanism
in coarse-grained metals [139] and may represent
a relevant microstructural feature that influences
fracture, since many of the nc metals contain
grown-in twins. The role played by twin boundaries (or boundaries close to twin misorientation) in
discouraging GB sliding and thereby determining a
plasticity scale that is comparable to experimentally observed dimple size has been suggested in
simulations [106].

7. Concluding remarks
Research into the structure, deformation and
failure of nanocrystalline metals and alloys has
provided a wealth of experimental information during the past decade. Such knowledge forms a critical foundation for the development of newer generations of structural materials whose mechanical
properties can be modulated through the judicious
design of grain boundaries. Advances in characterization tools and computational simulations have
further aided progress in this area, and have provided unprecedented opportunities for interpreting
the mechanical deformation mechanisms at the
nanoscopic size scales.
In considering the structure of nc metals and
alloys and its impact on deformation behavior, the
role of grain boundaries is clearly paramount.
Experiments and computations have demonstrated
that these grain boundaries are substantially similar
to those in mc metals and alloys and that there is
no “grain boundary region” that is highly disordered or amorphous as originally proposed.
However, this is where experimental characterization has stopped. Computations have taken this to
the next level of detail and shown the effects of
atomic structure at the boundaries (boundary type
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Fig. 19. A schematic illustration depicting how deformation evolves in nanocrystalline nickel based on experimental observations
i) during in-situ deformation in the TEM, and ii) of resulting fracture surfaces in the SEM. Dislocation motion, void formation/growth
at grain boundaries and triple junctions, the formation of partially unconstrained ligaments that deform plastically, and the interaction
of these various features to produce the eventual fracture morphology are all synthesized in this figure.
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and boundary stresses—equilibrium versus nonequilibrium) on grain boundary sliding and the
capacity of a GB to emit dislocations into a grain
and absorb dislocations. While these descriptions
seem plausible, there is currently little direct or
indirect experimental evidence to support the computational finding even for simple tensile deformation. Clearly, the field would benefit immensely
from dedicated experimental efforts on grain
boundary structures in nc metals and their response
to applied stress. Furthermore, experimental validation of computations is required at a more fundamental level rather than at the level of macroscopic
mechanical properties such as hardness, strength
and ductility because factors that affect these
properties (for example, impurity content, nanoscale porosity, etc) cannot be conveniently incorporated into computations.
Microstructural characterization has also not
been systematic and as a direct consequence, the
connection between structure and mechanical
properties has not been well established in many
nc metals and alloys. Even the relatively simpleto-determine characteristics such as texture, grain
size distribution, grain shape through the crosssection, and population of growth twins are often
not well defined. However, in order to create
maximum synergy between simulation and experiment, detailed information on the microstructure is
necessary such as a distribution of the lattice misorientation and the GB plane misorientation, parameters that are accessible for coarse-grained
material by means of sequential sectioning in a
scanning electron microscope [143] or by analysis
with a 3D-X-ray microscope [144]. Information of
such type would facilitate a one-to-one copy of the
sample in the computational model. Unfortunately,
these techniques presently do not have the spatial
resolution needed for nc metals.
Another common problem is the inability to
reproduce microstructures even within a single
processing route. Frequently, there is a wide distribution of grain sizes that varies from batch-tobatch and it is not obvious which segment of the
distribution dominates the response to an applied
stress. Furthermore, limitation in material availability has placed significant constraints on the
number of mechanical tests performed in an inves-
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tigation, raising additional questions on the
reliability of the reported data.
This is an emerging field where findings from
computations (primarily using large-scale molecular dynamics simulations) have far outpaced
experimental observations. As a consequence, several fundamental theories and models remain to be
validated with careful experiments. The computational models are only beginning to incorporation
of realistic structural features including impurity
and defect populations. A limitation of the computations is that molecular dynamics can only cover
the very initial stages of the deformation. Thus,
while structural information (e.g. grain boundary
structure) and information pertaining to the very
early stages of deformation (e.g. emission of a few
dislocations from a boundary or motion of a few
atoms at a boundary) may be considered reliable,
evolution of damage and final fracture are all substantially affected by the starting microstructure
and its consequence on microstructural evolution.
Comprehension of the deformation and fracture
of nanocrystalline metallic materials at temperatures of the order of 0.1–0.2 of the melting temperature (e.g Cu, Ni, Co and Fe and their alloys)
must accommodate i) the macroscopic observation
of minimal tensile ductility in these materials, ii)
the observation of intense localized deformation
bands (shear bands), more prominent in the bcc
metals and alloys (not reported thus far at quasistatic strain rates in nanocrystalline Ni or Cu), iii)
the general acceptance of dislocation-mediated
deformation at grain sizes of 30–40 nm and iv)
the observation of dimpled rupture on the fracture
surfaces, with the scale of dimples being significantly larger than the grain size but yet scaling
with grain size.
A limited amount of systematic experimental
information [98] has revealed that considerable
opportunities exist for the design of highly damage-tolerant structural components through the
judicious use of nc metals and alloys. For example,
the results shown in Figs. 9 and 10 indicate that
grain refinement with nc metals can impart
improved resistance to fatigue crack nucleation
under predominantly high cycle fatigue loading.
However, such grain refinement strategies can lead
to a detrimental effect on subcritical crack growth.
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It is conceivable that layered and/or graded microstructures with nc grains at critical sites of crack
nucleation, such as at free surfaces and in the
immediate vicinity of stress concentrations, may
lead to better overall damage tolerance in components made primarily of lower strength, higher ductility mc alloys.
Recent experimental work [145] has also shown
that some nc metals offer improved resistance to
damage evolution in monotonic and repeated sliding compared to ufc metals. Furthermore, it is also
known that the addition of W to nc Ni can impart
improvements in the tribological resistance [33].
Capitalizing on this potential for improving the
scratch resistance and tribological properties of
engineering structures by the proper design of surface layers with nc metals and alloys thus constitutes an interesting area that is rich in scientific and
technological opportunities.
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