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AbstractÐThis paper describes nanoindentation experiments on thin ®lms of polycrystalline Al of known
texture and di�erent thicknesses, and of single crystal Al of di�erent crystallographic orientations. Both
single-crystalline and polycrystalline ®lms, 400±1000 nm in thickness, are found to exhibit multiple bursts
of indenter penetration displacement, h, at approximately constant indentation loads, P. Recent results
from the nanoindentation studies of Suresh et al. (Suresh, S., Nieh T.-G. and Choi, B.W., Scripta mater.,
1999, 41, 951) along with new microscopy observations of thin ®lms of polycrystalline Cu on Si substrates
are also examined in an attempt to extract some general trends on the discrete and continuous deformation
processes. The onset of the ®rst displacement burst, which is essentially independent of ®lm thickness,
appears to occur when the computed maximum shear stress at the indenter tip approaches the theoretical
shear strength of the metal ®lms for all the cases examined. It is reasoned that these displacement bursts
are triggered by the nucleation of dislocations in the thin ®lms. A simple model to estimate the size of the
prismatic dislocation loops is presented along with observations of deformation using transmission electron
microscopy and atomic force microscopy. It is demonstrated that the response of the nanoindented ®lm is
composed of purely elastic behavior with intermittent microplasticity. The overall plastic response of the
metal ®lms, as determined from nanoindentation, is shown to scale with ®lm thickness, in qualitative agree-
ment with the trends seen in wafer curvature or X-ray di�raction measurements. 7 2000 Acta Metallurgica
Inc. Published by Elsevier Science Ltd. All rights reserved.
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1. INTRODUCTION

Advances in testing methods have led to the general
availability of instrumented micro- and nanoinden-

ters. Nanoindenters provide accurate measurements
of the continuous variation of indentation load, P,
down to levels of micro-Newtons, as a function of

the indenter penetration depth, h, down to levels of
nanometers. Numerous investigations of instrumen-
ted indentation have been performed on a variety
of material systems, with the objective of extracting

mechanical properties and/or residual stresses (e.g.
[1±5]). Parallel e�orts have been undertaken to
develop comprehensive theoretical and compu-

tational models, in an attempt to elucidate the

mechanics and mechanisms of indentation and to

characterize the mechanical properties (e.g. [2±9]).
The indentation of metallic materials has been a

topic of considerable complexity due to such factors

as the indenter size, shape and tip geometry, and
the material strain hardening characteristics (which
in¯uence the pile-up or sink-in of the material

around the indenter and which cannot be exper-
imentally assessed in situ during instrumented
indentation). Despite these issues, there is a growing
body of experimental and theoretical information

which reveals that, in addition to providing a useful
tool for the characterization of local properties and
internal stresses in materials, instrumented indenta-

tion can also o�er insights into microscopic defor-
mation processes such as defect nucleation. For
example, nanoindentation of bulk Au, W and Fe±Si

crystals has shown that defect nucleation could
possibly be associated with the onset of abrupt
bursts in indenter penetration distance into the ma-

terial (e.g. [10±17]). A careful analysis of such
phenomena, particularly for the case of thin ®lms
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on substrates, could potentially o�er insights into

the size-dependence of elastoplastic deformation
and mechanisms of microplasticity.
Nanoindentation of thin ®lms on substrates inevi-

tably requires careful assessments of various length
scales [18], over and above those encountered in the
micro- or macro-indentation of bulk materials.

First, the nanoindentation response of the ®lm can
be sensitive to such factors as the presence of any

oxide scale, surface roughness, processing-induced
surface residual stress, as well as the texture, grain
size, elastic anisotropy and thickness of the ®lm on

the substrate. Second, given the small depths of
indenter penetration into the thin ®lm, the tip geo-
metry (i.e. the shape and tip radius) of the indenter

can markedly in¯uence the indentation response, es-
pecially in the early stages of loading [18, 19].

Third, depth-sensing indentation in thin ®lms on
substrates is known to be strongly a�ected by the
nucleation of defects and by the plastic deformation

characteristics of the ®lms which, in turn, are func-
tions of the ®lm thickness and microstructure (e.g.
grain size, texture, etc.). For example, nanoindenta-

tion studies of polycrystalline Cu thin ®lms on Si
substrates have shown that the indentation sti�ness

(i.e. the slope of the P vs h plot) is a strong func-
tion of discrete deformation phenomena attributed
to dislocation nucleation [18]. Despite the growing

interest in the nanoindentation of thin ®lms, very
little is presently known about the microscopic de-
formation processes occurring beneath the indenter

and their e�ects on the overall indentation response,
from which the mechanical properties of thin ®lms
could be extracted.

The objective of the present work was to develop
an understanding of the discrete and continuous de-

formation characteristics of thin metallic ®lms sub-
jected to nanoindentation. For this purpose,
systematic nanoindentation experiments were con-

ducted on polycrystalline thin ®lms of face-cen-
tered-cubic (f.c.c.) metals of known texture and
di�erent thicknesses on Si substrates, as well as

monocrystalline thin ®lms of known orientations on
Si substrates. Single crystalline and polycrystalline

Al thin ®lms were chosen for this investigation,
along with the experimental results obtained from a
parallel study of nanoindentation of polycrystalline

Cu thin ®lms on Si substrates [18]. Particular atten-
tion was devoted to the e�ects of the tip radius of
the Berkovich diamond indenter on the nanoinden-

tation response in order to account for any size
dependence of indentation response on the indenter

tip geometry or for any protective surface layers.
Furthermore, the indentation loads and penetration
depths were so chosen that the elastic deformation

®eld of indentation was con®ned entirely within the
®lm, with the substrate having no ostensible in¯u-
ence on the measured indentation response. The

e�ects of ®lm thickness on defect nucleation and
plastic yield properties inferred from nanoindenta-

tion were compared with independent experimental
data available in the literature from substrate curva-

ture and X-ray di�raction studies of deformed thin
®lms. An attempt is also made to develop a
mechanistic understanding of nanoindentation of

thin ®lms by recourse to observations in the trans-
mission electron microscope (TEM) and atomic
force microscope (AFM).

2. MATERIALS AND EXPERIMENTAL METHODS

Polycrystalline Al ®lms were fabricated in the
Microsystems Technology Laboratory (MTL) at the
Massachusetts Institute of Technology (MIT).

Silicon wafers of (100) orientation were dry oxi-
dized at 10008C in order to grow an oxide layer of
SiO2, approximately 100 nm in thickness, on both

sides. The Al ®lms were sputter deposited at 508C
to thicknesses of tf=400, 600 and 1000 nm. The
average grain size was approximately equal to the

®lm thickness, with the range of grain sizes span-
ning 400±2000 nm. Approximately 80% of the
grains had a (111) texture. Transmission electron
microscopy of the as-deposited ®lms was conducted

using standard dimpling and ion milling procedures.
Figure 1(a) shows the plan view, as observed in the
TEM, of the Al ®lm of 400 nm thickness, indicating

the grain structure. A cross-sectional TEM view of
the same ®lm is shown in Fig. 1(b), where the grain
structure of the ®lm, and the uniform interlayer of

amorphous SiO2 between the Al ®lm and the Si
substrate can be seen. Figure 1(c) reveals a uniform,
native oxide layer on the surface of the Al ®lm, ap-

proximately 5 nm in thickness.
Figure 2(a) is a TEM image of the surface of the

1 mm thick Al ®lm in which the grain size ranges
from 0.4 to 2.0 mm. Unlike those of the thinner Al

®lms, the grains of the 1 mm thick Al ®lm were
populated with a high density of dislocations;
Fig. 2(b) is a typical TEM image showing this

trend. All Al thin ®lms contained an Al2O3 layer on
the surface which was approximately 5 nm thick.
Single crystal Al ®lms were produced in the

MicroFabrication Shared Experimental Facility in
the Center for Materials Science and Engineering at
MIT. Single crystal Al ®lms (see ref. [20] for details
on ®lm processing) were epitaxially grown from the

vapor phase on to NaCl substrates of (100), (111)
and (133) orientation, at a substrate temperature of
3508C, to a ®lm thickness tf=400 nm, such that the

resulting ®lms had the same orientations as the re-
spective substrates. The ®lm±substrate ensembles
were then placed in deionized water at room tem-

perature in order to dissolve the NaCl. The ¯oating
®lms were ``scooped up'' with oxidized Si wafers.
The Al±SiO2±Si systems were then spin-dried, and

annealed at 5758C in order to reduce the SiO2 to
Al2O3, thereby bonding the ®lm to the wafer. The
fully bonded systems were ®nally cooled to room
temperature.
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The polycrystalline Cu ®lms [18], for which com-

parisons are made with the nanoindentation studies

on aluminium, were sputter deposited at 508C to
thicknesses of tf=300, 600 and 1000 nm, then vac-

uum annealed at 4758C for 1 h. The ®lms had 80±

90% of the grains of (111) orientation, and the rest

of random orientation, with a grain size range of
0.5±2.0 mm (see ref. [18] for further details). Figures

3(a) and (b) are typical TEM images of the plan

view of the Cu ®lm, showing the grain structure

and the presence of twins. The grains exhibited very

little initial dislocation density. The elastic con-
stants, cij , of Al and Cu are listed in Table 1. These

were used to calculate the elastic modulus, Ehkl ,

and the Poisson's ratio, n, for di�erent crystallo-
graphic orientations.

Nanoindentation experiments on polycrystalline

Al ®lms were performed using a Nanoinstruments

Fig. 1. (a) In-plane TEM image of the as-deposited Al ®lm, of 400 nm thickness, on Si substrates. The
grain structure has a relatively small initial dislocation density. Cross-sectional TEM image showing (b)
a thin layer of amorphous SiO2 between Al and Si and (c) approximately 5 nm thick protective Al2O3

on the surface of Al.
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Nanoindenter IITM (Nanoinstruments, Inc.,

Tennessee, USA). A Berkovich indenter was used

to indent the ®lms. This diamond indenter,

although nominally sharp, had a ®nite tip radius

R140±50 nm: Figure 4 is a scanning electron

micrograph of the tip of the Berkovich indenter tip

used in the experiments. The sharpness and sym-

metry of the diamond tip are evident in this micro-

graph.

Nanoindentation experiments were conducted to

a maximum load of P = 0.1 mN. The loading and

unloading phases of indentation were carried out
over a time span of approximately 20 s in all the ex-

periments. At the maximum load, a dwell period of
20 s was imposed before unloading, and another
dwell period of 20 s at 90% of unloading, so as to

correct for any thermal drift in the system. At least
20 indents were made for each specimen, with the
adjacent indents separated by at least 10 mm. The

indents were examined using a commercial atomic
force microscope.
The e�ect of tip radius on the elastic indentation

response of a material can be probed using classical
Hertzian analysis [17±19]. A similar analysis was
performed for the current experiments, but with the
purpose of determining the depth of penetration

beyond which the indenter could be treated as
``sharp''. This transition depth, ht, was calculated as
a function of the included tip semi-angle, a, and tip

radius, R, of the indenter.

Fig. 2. (a) In-plane TEM image of the as-deposited Al
®lm, of 1 mm thickness, on Si substrate. (b) A TEM image
showing a high density of dislocations within a grain of

the as-deposited ®lm.

Fig. 3. (a) A transmission electron micrograph of the as-
deposited Cu ®lm showing the grain structure which is
relatively free of dislocations. Annealing twins are seen in

the central grain of (a) and in (b).
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Figure 5(a) is a schematic of a nominally sharp

tip (with radial symmetry), showing the e�ect of the
indenter tip angle a on the transition depth of pen-
etration ht (beyond which the Berkovich indenter

with a tip radius, R150 nm, could be analyzed as a
``sharp'' indenter). For an indenter with a=258 (e.g.
[10]), ht � 1:6 R, whereas for a Berkovich indenter

(approximated as a conical indenter) with a=758,
ht � 0:09 R: In other words, the indenter tip radius
R is expected to in¯uence the indentation response

only up to a penetration depth of 0.09R which, for
the present experiments, is only about 4.5 nm.
Therefore, the elastic portion of the P±h curve for a
spherical indenter [6] where

P � 4

3
R1=2E �h3=2,

E � �
�
1ÿ n 2

f

Ef

� 1ÿ n 2
i

Ei

�ÿ1
,

�1�

would only be valid for the very early stages of the

present experiments. The e�ective modulus, E� is
de®ned in terms of the elastic moduli of the inden-
ter and the ®lm, Ei and Ef , respectively, and

Poisson's ratio for the indenter and ®lm, ni and nf ,
respectively. For h > ht, the P±h relation for a
sharp Berkovich indenter [7]

P � C 0h 2 � 2:1891�1ÿ 0:21nf ÿ 0:01n 2
f

ÿ 0:41n3f �E �h 2, �2�

should be used to describe the elastic response.
Figure 5(b) shows a series of representative

results for the indentation of an elastic material

with e�ective modulus E�=100 GPa. The load P
(in mN) is plotted against h (in nm) for a sharp
Berkovich indenter and three Berkovich indenters

having tip radii R=50, 100 and 150 nm. Each P±h
curve for a rounded indenter is truncated at its
appropriate value of ht. The response for the tip

radius R of 50 nm (appropriate for the experiments)
is truncated at ht14:5 nm: Such truncations were
used when analyzing current experimental indenta-

tion data.
Nanoindentation experiments on single crystal Al

®lms and polycrystalline Cu ®lms [18] were also per-
formed, under load control, using a Nanoindenter

IITM (Nanoinstruments, Tennessee, USA) with a
diamond Berkovich indenter. In addition, a
Dynamic Contact ModuleTM (DCM) was placed in

series with the load train, allowing better load and
depth resolution at smaller depths of indentation
[21]. The tip radius of this indenter was also 50 nm.

Films were indented to a maximum load of P =
0.07 mN and the resulting P±h curves were
measured.

Nanoindentation results only up to a penetration
depth hRtf=10 were considered in all analyses,
where tf is the thickness of the Al or Cu ®lm on the
Si substrate. Thin foils, prepared from some of the

indented ®lms on substrates, were also examined in
the TEM in order to assess the microscopic defor-
mation processes introduced by nanoindentation.

3. EXPERIMENTAL OBSERVATIONS

Figure 6 shows the variation of indentation load,
P, as a function of the penetration depth, h, for the
three ®lm thicknesses of polycrystalline Al on Si.
All three curves exhibit abrupt bursts in displace-

ment, separated by regions of positive slope. The
indentation compliance, as seen by the slope of the
P vs h plot, is not signi®cantly a�ected by ®lm

thickness prior to the ®rst burst. The load at which
the ®rst displacement burst occurs also does not
appear to vary signi®cantly with ®lm thickness, tf .

However, the ratio Pmax/hmax generally decreases
with increasing ®lm thickness. Note that the maxi-
mum depth of penetration, hmax, was restricted to a

value typically smaller than 10% of the ®lm's thick-
ness, tf , in order to preclude any e�ects of the sub-
strate on the indentation response.
Figure 7 illustrates the P±h curves for the three

Table 1. Elastic constants for the materials useda

Material c11 (GPa) c12 (GPa) c44 (GPa) Epolycrystal (GPa) npolycrystal

Al 108.2 61.3 28.5 69 0.33
Cu 168.4 121.4 75.4 132 0.33
Diamond ± ± ± 1000 0.07
Al2O3 ± ± ± 380 0.16

a 1=Ehkl � f�c11 � c12���c11 ÿ c12��c11 � 2c12��g ÿ 2f�1��c11 ÿ c12�� ÿ �1
�
2c44�g�l 21 l 22 � l 21 l

2
3 � l 22 l

2
3 �, n � c12=�c11 � c12� where Ehkl=

Young's modulus in the crystallographic direction [hkl ], li=direction cosine between [hkl ] and the cube axis xi, n=Poisson's ratio.

Fig. 4. A scanning electron micrograph showing the sharp-
ness and symmetry of the Berkovich indenter tip used in

the nanoindentation experiments.
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Fig. 5. (a) A schematic of the idealization of the indenter tip as a sphere and the associated nomencla-
ture. (b) Predictions of the e�ects of tip radius and shape on the elastic indentation response. The

curves for di�erent radii of the spherical tip are terminated at h=ht. See text for details.

Fig. 6. E�ects of thin ®lm thickness on the nanoindentation response of polycrystalline Al.
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orientations of single crystal Al ®lms. As in the case
of the polycrystalline Al, the plots show clearly
de®ned displacement bursts, separated by regions of

positive slope. Similar plots for the three ®lm thick-
nesses of polycrystalline Cu, from ref. [18], are

shown in Fig. 8. The indentation response of poly-
crystalline Cu is similar to that of polycrystalline Al
for the di�erent ®lm thicknesses.

Figure 9(a) is an AFM image of the nanoindenta-
tion on the surface of the 400 nm thick polycrystal-

line Al ®lm, where several surface grains are seen to
be covered by the contact area. The sharpness of

the triangular pro®le of the Berkovich tip im-
pression, upon unloading from a maximum load of
0.1 mN, along with the pile-up of Al around the

indenter (yellow regions along the indentation per-
imeter) are also evident in the AFM image shown

for the same material [Figs 9(b) and (c)].

Transmission electron microscopy of indented
polycrystalline aluminium ®lms did not reveal fea-
tures which were distinctly di�erent from those seen

in the as-deposited ®lms (Figs 1 and 2). This was
mostly attributed to the experimental di�culties in

preparing TEM foils from the indented Al thin
®lms on Si substrates; in these foils, the damage im-

mediately surrounding the indentation could not be
reliably documented. A considerable di�erence was
repeatedly observed, however, between the indented

and as-deposited Cu thin ®lms in the TEM. Figures
10(a) and (b) are TEM images of polycrystalline

Cu, taken after an indentation at hmax 1200 nm,
where the indented region (in the form of a triangu-
lar impression) is seen at the center of the micro-

graph. The white region in the middle of the
indentation corresponds to amorphous SiO2. Note

that the perimeter of the indented region is popu-

Fig. 7. Nanoindentation response of single crystal Al ®lms of (110), (133) and (111) orientation.

Fig. 8. E�ects of thin ®lm thickness on the nanoindentation response of polycrystalline Cu [18].
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Fig. 9. (a) AFM image of nanoindentation on 400 nm polycrystalline Al thin ®lm. Indentation
depth=40 nm. The color marker on the right side of (a) and (b) refers to the surface uplift in nm. (b)
Indentation depth=100 nm. Note the pile-up of material (yellow region) around indentation. (c) A

three-dimensional view of the ``sharp'' Berkovich indentation.
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lated with a high density of dislocations; however,

essentially no dislocations are visible in regions far
removed from the indentation (just as in the case of
the as-deposited, unindented Cu ®lm shown in
Fig. 3). In the central portion of the lower half of

Fig. 10(b), rows of dislocations are evident, extend-
ing outward from the indentation into an adjacent
grain. The dislocations lie between a grain bound-

ary and a twin boundary. A higher magni®cation
view of this dislocation arrangement is shown in
Fig. 10(c). At distances far away from the indented

region, i.e. at distances of 5±10 times the average
diameter of the indentation contact region, no such
dislocation structure is visible, as shown in

Fig. 10(d). Here, only the twin structures, similar to
those seen in the as-deposited Cu ®lm (Fig. 3), are
noticeable.

4. DISCUSSION

All of the indentation responses observed in this
study on monocrystalline and polycrystalline Al
and polycrystalline Cu thin ®lms on substrates

exhibited bursts in indenter displacement into the
®lm, which were separated by regions of positive
slope. We present here a method of interpreting

these experiments.

4.1. Overall classi®cation of nanoindentation response

Figure 11(a) shows a schematic of a typical P±h
curve produced in the present nanoindentation ex-

periments. The representative curve contains para-
bolic sections, separated by plateaus that represent
displacement bursts. Two particular features of this

Fig. 10. (a), (b) TEM images, at two di�erent magni®cations of the indented polycrystalline Cu ®lm.
Note the high dislocation density induced around the indentation and the dislocation-free grains far
away from indentation. Indentation depth=200 nm. (c) A higher magni®cation image of the grain
beneath the indentation in (b) into which dislocations are punched out by interaction. (d) Twinning in

grains far away from indentation.
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curve are apparent. First, as shown in Fig. 11(b), a

parabola, described by the Kick's law, equation (2),

can be ®tted between the (P, H ) points, (0, 0) and

(hmax, Pmax) bounding, to the right, the bursts in

displacements. This bound could be constructed as

representing the overall elastoplastic response of the

thin ®lm which, from the present experimental

results, is seen to be a function of the ®lm thick-

ness. Second, if the bursts are removed from the

plot, and the curves between the plateaus moved

accordingly in the direction of the arrows, a single

consolidated parabola, Fig. 11(c), results represent-

ing the elastic response of the indented ®lm at low

loads (where there is no in¯uence from the sub-

strate). Thus, the P±h curves merely represent a

broken parabolaÐan elastic parabola separated by

displacement bursts. The consolidated experimental

P±h curves (with jumps removed) thus match the

theoretical elastic parabola for sharp elastic

Berkovich indentation [equation (2)]. In other

words, this consolidated curve could be constructed
solely from knowledge of the elastic properties of
the thin ®lm and the indenter by recourse to

equation (2).

4.2. Analysis of elastic indentation sti�ness

Figure 12 shows the consolidated elastic curves

generated following the procedure outline in
Fig. 11(c) for the three polycrystalline Al thin ®lms
from the nanoindentation test results presented in

Fig. 6. Plotted along with the experimental curves is
the theoretically predicted elastic indentation re-
sponse from equation (2), for a sharp Berkovich

indenter. Also plotted are three curves, representing
equation (1), for a spherical indenter tip with radius
R = 25, 50 and 100 nm. The predicted curves for
the spherical tip are all truncated at their appropri-

Fig. 10 (continued)
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ate values of ht. The value of E � used for the theor-
etical curves was 74 GPa, as calculated from

equation (1), using the values Ef=69 GPa (for
polycrystalline Al ®lm), Ei=1000 GPa for the dia-
mond indenter, and nf=0.3 and ni=0.07 for ®lm

and indenter, respectively. [Due to the varying grain
size relative to indentation area, typically one to
several grains were sampled during each test.

Therefore, the elastic response essentially re¯ected
that for a single crystal of (111) orientation.] It can
be seen that the consolidated curves are in reason-

able agreement with the predicted sharp indenter
elastic response, and that the curves show little
dependence on ®lm thickness, tf . A similar match
between predicted elastic response between the dis-

placement bursts and the nanoindentation exper-
imental results was also seen for polycrystalline Cu
thin ®lms on Si substrates [18].

Since Al is invariably covered with native Al2O3

layers, typically about 5 nm in thickness, it is also
of interest to examine the e�ect of such native

oxide ®lms on the initial slopes of the P±h curves.
For this reason, Fig. 12 also includes a plot of
equation (1) for a spherical indenter with tip radius

R = 50 nm, indenting an elastic material (Al2O3)
having an E � � 280 GPa: It is apparent that this

curve does not ®t well with the experimental results,
and supports the inference that any in¯uence of the
thin oxide layer would be con®ned to the very early

stages �R5 nm� of the indenter penetration into the
®lm.
Figures 13(a) and (b) show the indentation re-

sponses for the single crystal Al ®lms of (110) and
(133) orientations, respectively. In this case, the
curves are presented in their original form for

clarity, with the elastic portion of indentation,
equation (2), superimposed on the experimental
data at the end of each burst in displacement. For
each parabola, a value of E � was calculated for the

particular single crystal orientation, following an
analysis of indentation of anisotropic crystals given
in [22, 23]. The elastic response, predicted using

E� � 74 GPa, is seen to match the experimental
results very well. The results for the (111) single
crystal �E � � 74:9 GPa� were similar; they are not

shown here because of space restrictions.

4.3. E�ects of ®lm thickness on overall elastoplastic
response

The present experiments reveal (see Figs 6 and 8),

as anticipated, that the elastic response of the ®lms
is independent of thickness, tf , as is the value of P
at which the ®rst burst occurs. However, as the
indentation depth increases, ®lm thickness is found

to have an e�ect on elastoplastic response of the
material under indentation. Referring to Fig. 11(b),
the indentation response can be shown to approach

a parabolic, consolidated elastoplastic curve, the
functional form of which is P � Ch 2, and the end-
points of which are (0, 0) and (hmax, Pmax), bound-

ing the bursts of displacements on the right. For
both sets of polycrystalline ®lms tested, the average
value of C decreases with ®lm thickness, at a ®xed

Pmax. At higher Pmax, C decreases further, but with
the same dependence on ®lm thickness. In a typical
Berkovich indentation test, the macroscopic para-
bolic indentation response of a metallic thin ®lm

(assuming no strain hardening) can be related to
the ®lm yield strength, sy, by the relation [7]

C � 12:0348sy

�
1� ln

E � tan 24:78
3sy

�
: �3�

If the observed values of C for the polycrystalline
Al and Cu nanoindentation experiments are inter-
preted using equation (3), the resulting plot of sy vs

1/tf for both materials is shown in Fig. 14. In order
to compare the two sets of experiments correctly,
Pmax was chosen as 0.07 mN for both sets of ®lms.

Several trends are extracted from Fig. 14. First,
for both Al and Cu, sy increases with 1/tf . Second,
the absolute values of sy for Cu ®lms are shown to
be greater than those for Al, which would be

Fig. 11. (a) Nanoindentation responses showing displace-
ment bursts. (b) Consolidated elastoplastic parabola con-
structed through maximum displacements. (c) Bursts

removed to construct a consolidated elastic parabola.
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expected on the basis of previous investigations into

the yield strength of thin ®lms [24±29]. Also shown
in Fig. 14 are the yield strength values, sy, of Al

and Cu ®lms, as functions of inverse ®lm thickness,
1/tf , obtained on the basis of independent exper-

imental measurements involving substrate curvature

changes during thermal cycling or X-ray di�raction
measurements [24±29]. Several general trends could

be extracted from this comparison. The nanoinden-
tation experiments show that the overall (macro-

scopic) yield strength of thin ®lms on substrates

generally increases with decreasing ®lm thickness,
for the range of thicknesses examined here, for both

Al and Cu. This trend is qualitatively consistent
with the inference made from curvature and X-ray

di�raction measurements of thin ®lms [24±29]. The
approximate yield strength shown in Fig. 14 from

nanoindentation, however, is several times higher

than that estimated from the other techniques.
This apparent discrepancy can be attributed to

several major di�erences between these di�erent ex-

perimental methods. First, the indentation results
depend strongly on the level of load (Pmax), which

denotes an indentation size e�ect. Second, the over-
all plastic response, as de®ned in the consolidated

elastoplastic curve in Fig. 11(b), comprises not only
microplasticity arising from discrete displacement

bursts (which is linked in the following sections to

dislocations), but also the elastic deformation that
separates the bursts. As a result, the ensuing esti-

mation of an overall yield response would be

expected to be higher than that arising solely from
any macroscopic plasticity plasticity. Third, the

nanoindentation response probes highly localized
deformation at very low loads, whereas substrate

curvature experiments sample an average, macro-
scopic deformation response. Fourth, nanoindenta-

tion experiments are conducted at constant (room)

temperature, whereas curvature and di�raction ex-
periments are generally carried out during cyclic

variations in temperature introduced with the objec-
tive of inducing thermal mismatch stresses in the

®lms. As a result, the ensuing inelastic deformation

that arises in the latter experiments could be
a�ected by dislocation plasticity, as well as ther-

mally activated processes such as di�usion or grain
boundary sliding. Temperature-dependence of yield

strength also becomes a complication in the in-
terpretation of such experiments. Fifth, in all these

experimental methods, including the present

nanoindentation study, pre-existing residual stresses
could in¯uence plastic deformation response; such

e�ects of residual stresses are not incorporated into
the analyses of experimental data.

Fig. 12. Consolidated elastic indentation response for polycrystalline Al, plotted for the sharp
Berkovich indentation of an elastic material (Al) with E �=74 GPa. The curves denoted as ``shifted by
d'' account for the extra depth d which is depicted in Fig. 5(a). Also included are curves corresponding
to spherical indentation with R=25, 50 and 100 nm, and for Al2O3 of 5 nm thickness (R=50 nm).

2288 GOULDSTONE et al.: DEFORMATION OF THIN FILMS DURING NANOINDENTATION



Figures 15 and 16 show the consolidated elas-

tic as well as elastoplastic indentation responses

of polycrystalline Al and Cu thin ®lms, respect-

ively, on Si substrates, as functions of ®lm thick-

ness. In these ®gures, the elastic response

represents the load vs displacement plots where

the displacement bursts are removed, and the

elastoplastic response represents the consolidated,

right-bounding curve, following the procedure

outlined in Fig. 11(b). Also shown for compari-

son in Figs 15 and 16 are the elastic and plastic

properties of bulk Al and Cu. Whereas the elas-

tic response of the metals is una�ected by ®lm

thickness, the consolidated elastoplastic response

is seen to be a strong function of ®lm thickness,

with increasing ®lm thickness resulting in a more

compliant indentation response.

It is emphasized here that the results of nanoin-

dentation should primarily be used as a relative

measure of the dependence of ®lm thickness on

yield strength and not as an absolute measurement

of the yield strength. At low loads, both local plas-

tic deformation and elastic deformation in¯uence

indentation sti�ness; consequently, the results do

not represent macroscopic yield properties of the

®lm. While higher indentation loads could possibly

render the plastic response closer to that seen in

other experimental methods, deeper penetration of

the indenter into the ®lm (than those considered in

this work) could incorporate the e�ects of substrate

deformation into the indentation response, thereby

complicating the interpretation of results. Thus,

possible substrate e�ects currently place a limit on

hmax.

Fig. 13. Experimentally observed indentation response of single crystal Al ®lms of two orientations, (a)
(110) and (b) (133), with the theoretically predicted elastic response, equation (2), representing sharp

elastic Berkovich indentation superimposed as the dotted curves.
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4.4. On microplasticity in thin ®lms subjected to
nanoindentation

Figures 11±13 clearly reveal that the parabolic

sections of the indentation response between two

successive ``bursts'' in displacements could be attrib-

uted to purely elastic deformation in the ®lm. In

this section, we consider the origins of such displa-

cement bursts and explore the conditions for their

nucleation.

It has been postulated in some previous inves-

tigations (e.g. [1]) on the indentation of bulk ma-

terials that the displacement bursts seen upon

loading could be attributed to (i) the cracking of

the indented ®lm, (ii) the cracking of a native

oxide layer present on the surface, or (iii) the

nucleation and motion of dislocations under the

indenter. The AFM images shown in Figs 9(a)±
(c), as well as other related observations at high

magni®cations, do not reveal any ®lm cracking
in all present experiments. The TEM images of

the Al ®lms, such as Fig. 1(c), show a 5 nm
thick native oxide on the surface. The periodic
bursts, which occur both in single crystal and

polycrystal Al ®lms, persist to penetration depths
of tens of nm, and even the initial burst extends

to 25 nm or so. In addition, any cracking of a
sti� oxide layer would result in a decrease in

load, as load would be transferred to the under-
lying, more compliant metallic ®lm, and hence
would not lead to a plateau in the load±displace-

ment curve. Furthermore, the indentation re-
sponse separating the displacement bursts exhibits

a parabolic slope, which can be predicted solely

Fig. 14. A comparison of the yield strength of f.c.c. metal ®lms as a function of inverse ®lm thickness,
as estimated from the present nanoindentation experiment and from curvature/X-ray di�raction tech-

niques. Pmax=0.07 mN.

Fig. 15. Consolidated elastic and elastoplastic response of polycrystalline thin ®lm Al to nanoindenta-
tion and comparison with bulk Al.
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from the elastic properties of the thin ®lm (see

Figs 12 and 13). It is also worth noting that

other investigations of nanoindentation on noble

metals such as Au, Pt and Ir have also docu-

mented very pronounced displacement bursts [10,

30]. In view of these observations, it is concluded

that while protective oxide layers could in¯uence

nanoindentation response in the very early stages

of loading (see Fig. 12), any cracking of such

protective layers does not appear to be the pri-

mary mechanism responsible for the displacement

bursts in the present experiments.

Studies of the plastic response of materials sub-

jected to indentation have drawn an analogy

between the plastic zone which expands radially

beneath an indenter under the con®nement of the

neighboring elastic material, and an expanding cav-

ity [31, 32]. At the dislocation level, this so-called

expanding cavity model is visualized by a series of,

``geometrically necessary'', prismatic dislocation

loops that are punched out into the material to ac-

commodate the indenter [33, 34]. The rotation of

the crystalline material around the indenter, along

with the relaxation engendered by the unloading of

the indenter, would then be manifested as the pile-

up of the material around the indentation. This

process has been analyzed by recourse to slip line

®eld theories [35]. The rotation of the lattice arising

as a consequence of the geometric need to accom-

modate the indenter could also be viewed as the ori-

gin of geometrically necessary dislocations, whose

density varies inversely with the maximum indenta-

tion load [36±38]. [This latter process has been pos-

tulated to be one possible cause of the apparent

indentation size e�ect (e.g. [38]).] Transmission elec-

tron microscopy of microindented MoSi2 single

crystals show that, while both these processes serve

to accommodate deformation, prismatic punching

of h100i and h001i dislocations immediately beneath

the indenter appears to be the more dominant pro-

cess [39]. The nucleation, geometry and kinetics of

dislocations induced by nanoindentation require
considerable further study involving electron mi-

croscopy. However, some quantitative understand-
ing of the mechanisms underlying the present
experimental trends could be extracted by idealizing

the dislocation geometry as an array of colinear
prismatic loops.
In the present experiments, TEM observations of

indented Cu ®lms indicate the punching of dislo-
cations from the indentation as well as the nuclea-
tion of a high density of dislocations surrounding

the indenter (Fig. 10). Atomic force microscopy of
the indented Al ®lms also reveals pile-up of material
around the indentation (Fig. 9). Insights into the
conditions governing dislocation nucleation in the

thin ®lms could be gained by exploring the local
stresses that arise at the tip of the indenter during
the loading of the ®lms of di�erent thicknesses.

Consider ®rst the load, P, at which the ®rst dis-
placement burst occurs during nanoindentation of
polycrystalline Al and Cu. From this load, along

with the geometry and elastic properties of the
indenter/®lm system, the maximum shear stress,
tmax, underneath the indenter tip is easily com-

puted. Although the overall indentation response of
the ®lms can be treated as that arising from a sharp
indenter beyond a critical penetration depth ht, the
tip radius of the indenter would be expected to in-

¯uence the local stress state at low loads where the
®rst displacement burst occurs. In the following, we
examine the local stress state for both the rounded

and sharp indenter tips.
The maximum elastic shear stress underneath a

spherical indenter is given by the relation [6]

tmax � 0:31

�
6PE � 2
p3R 2

�1=3

: �4�

The experimentally observed value of P for the in-
itial burst ranges from 0.015 to 0.027 mN for the

polycrystalline Al ®lms, and is roughly 0.035 mN
for the polycrystalline Cu ®lms. From equation (4),

Fig. 16. Consolidated elastic and elastoplastic response of polycrystalline thin ®lm Cu to nanoindenta-
tion and comparison with bulk Cu.
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it is seen that tmax 14:5±8:2 GPa for Al, and 15
GPa for Cu. The theoretical shear strength of the

indented material may be approximated as ms/2p,
where ms is the shear modulus. This gives a theoreti-
cal shear strength of 4.5 GPa for polycrystalline Al

and 15 GPa for (111) oriented Cu. This comparison
reveals that the ®rst displacement burst for both Al
and Cu apparently occurs when the maximum shear

stress beneath the indenter approaches the theoreti-
cal shear strength (also see ref. [15]). A similar con-
clusion was drawn from the nanoindentation

studies of bulk Au [10] and thin ®lm Cu [18]. The
di�erences between the computed tmax and the
theoretical shear strength can be attributed to a
number of factors, including experimental scatter,

especially during the early stages of nanoindenta-
tion, surface roughness, residual stresses in the ®lm,
and the presence of defects or grain boundaries or

oxide scales.
For the case of the three single crystal Al ®lms,

the initial bursts occur at P=0.03, 0.008 and 0.015

mN, for the (110), (111) and (133) orientations, re-
spectively. From equation (4), tmax=8.2, 5.5 and
6.8 GPa for these three orientations, respectively.

The theoretical shear strength, when calculated to
be ms/2p, does not vary over such a comparable
range as the values of tmax for the three orien-
tations; it is roughly 4.5 GPa. Thus, values of tmax

agree with the values of theoretical shear strength
for the Al single crystals about as well as they do
for the polycrystalline ®lms.

For completeness, a similar calculation is pre-
sented next for a sharp indenter tip. The average
pressure underneath a sharp Berkovich indenter in

an elastic±ideally plastic material is given by the re-
lation [7]

pave � P

9:946h 2
10:196E � �5�

and the maximum von Mises stress underneath the

indenter is sMises11:5pave and is not dependent
upon load P, as in the case for a spherical indenter.
The maximum von Mises stresses are calculated to

be 21.8 GPa and 38.2 GPa for polycrystalline Al
and Cu, respectively. These values could then be
converted to equivalent shear stresses using the re-

lation

teq � sMises���
3
p : �6�

Thus, the shear stresses under the sharp indenter
are 12.6 GPa and 22.0 GPa for Al and Cu, respect-
ively, which are 50% higher than the theoretical
shear strength of both materials. This comparison

indicates that a stress-based criterion for dislocation
nucleation and motion, which considers shear stres-
ses underneath a tip radius R, gives a more realistic

agreement between calculated stresses and material
properties. These estimates are listed in Table 2 for
the various ®lms examined in this work. It should,

however, be noted that these stress estimates
assume an isotropic material with a geometrically
¯at surface; crystalline anisotropy and surface

roughness could lead to considerable changes in
these estimates.

4.5. A simple energetic model for dislocation emission
during nanoindentation

The foregoing analyses of the correlation between

the maximum shear stress under the indenter at the
onset of displacement bursts and the theoretical
shear strength of the material provide one physical

justi®cation for the nucleation of dislocations fol-
lowing the initial elastic indentation response.
Another quantitative justi®cation for not only the

nucleation of dislocations, but also the width of the
plateau in the P±h curves represented by the displa-
cement bursts during nanoindentation, can be

obtained by invoking the energetics of dislocation
loops. For this purpose, we present a simple model
which assumes that the total elastic energy stored in
the thin ®lm during the initial elastic deformation

induced by nanoindentation is exhausted by the ac-
cumulation of geometrically necessary prismatic dis-
location loops in such a way that it accounts for

the total elastic energies of all the dislocations
punched out underneath the indenter.
The model is predicated on the following simpli-

fying assumptions: (i) The dislocation con®guration
is that of a simple stack of coaxial prismatic loops,
which are idealized as circular, with a radius Rd.

Table 2. A comparison of predicted tmax with tth for di�erent materials and indenters

Material Indenter tip shape Predicted tmax (GPa) equations (2) or (6) Theoretical shear strength, tth (GPa)

Al polycrystal Spherical (R=50 nm) 4.54±8.2 4.2
Sharp Berkovich 12.6

Al single crystal
[110] Spherical (R=50 nm) 8.2 4.5

Sharp Berkovich 12.6
[111] Spherical (R=50 nm) 5.5 4.5

Sharp Berkovich 12.6
[133] Spherical (R=50 nm) 6.8 4.5

Sharp Berkovich 12.6
Cu polycrystal Spherical (R=50 nm) 15 15

Sharp Berkovich 22.0
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This process is schematically shown in Fig. 17(a);
(ii) Slip occurs in the direction of indentation with

a Burgers vector of magnitude, b, and the slip direc-
tion is taken to be parallel to the [110] direction of
the f.c.c metal ®lm; (iii) If Dhb is the width of the

displacement burst, as shown in Fig. 17(b), the
number of prismatic loops punched out beneath the
indenter, N1Dhb=b: The loops are assumed to be

evenly spaced through the thickness of the ®lms, for
simplicity of analysis, with the loop spacing, r �
tf=N (where tf is the ®lm thickness); (iv) To a ®rst

order, the image forces and free surface/interface
e�ects on the energies of dislocations are not con-
sidered; (v) The indented material is homogeneous
and isotropic, with a geometrically perfect surface.

The total elastic energy stored in the thin ®lm as
a consequence of indentation-induced deformation
is given by the shaded area in Fig. 17(b):

We �
�hb

0

C 0h 2dh � C 0h3b
3

, �7�

where C ' is the elastic loading curvature during
nanoindentation and hb is the indenter penetration
depth at which the ®rst displacement burst and dis-

location nucleation occur. The interaction energy
between two coaxial, circular prismatic dislocation

loops of radius, Rd � r is given by [40, 41]:

Wi � msb
2

1ÿ n
Rd

�
ln

8Rd

r
ÿ 1

�
, �8�

where n is the appropriate Poisson's ratio of the
thin ®lm. In the present case of N coaxial loops, the

loop closest to the free surface interacts with the
N ÿ 1 remaining loops, with the interaction energy
becoming weaker with increasing distance from the

®rst loop. Summation of these interactions gives the
following expression for the term within the par-
entheses in equation (8):

XNÿ1
j�1

�
ln

8Rd

jr
ÿ 1

�

� ln
8R�Nÿ1�d

�Nÿ 1�!rNÿ1 � �Nÿ 1�: �9�

The total energy is obtained by summation over all
the loops. The second loop interacts with (N ÿ 2)

others [since interaction with (N ÿ 1) would lead to
two interactions between the ®rst and the second
loops], the third loop with (N ÿ 3) others, etc.
Summation over all the loops yields the relation:

W t
i �

msb
2

1ÿ n
Rd

8<:XNÿ1
j�1

j

�
ln

8Rd

r

�
ÿ
XNÿ1
j�1

ln� j!�

ÿ
XNÿ1
j�1

j

9=;: �10�

The self energy of an isolated circular dislocation
loop, Ws, in an in®nite medium is extracted by set-
ting r1b� Rd in equation (8) and by taking one
half of the quantity on the right-hand side of

equation (8), where the length of the loop has been
counted twice:

Ws � msb
2

2�1ÿ n�Rd

�
ln

8Rd

r
ÿ 1

�
: �11�

The self energy of each loop could be regarded as
the interaction energy between all segments of the
loop [41]. The total self energy of N circular loops

then equals N�Ws: When the number of loops N
is large (of the order of 50 or more, as in the pre-
sent case), the overall interaction energy given by

equation (10) far exceeds the total self energy term,
N�Ws �W t

s:
In equation (10), ms and n are known elastic con-

stants of the thin ®lm of known orientation, and b,
N and r are known from the slip direction, Dhb and
®lm thickness, respectively. The only unknown

quantity in equation (10), the radius of the pris-
matic dislocation loops, Rd, is solved by setting
We �W t

i �W t
s:

Note that the above analysis could also be refor-

Fig. 17. (a) A schematic of colinear prismatic dislocation
loops underneath an indenter in a thin ®lm. (b) Elastic
energy associated with dislocation nucleation. See text for

details.
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mulated in the reverse manner for predictions of
the extent of displacement burst. For example,

invoking the assumption that the indentation con-
tact diameter is equal to the radius of the punched
out dislocation loops, the above energy model

could be solved for Dhb.
Consider now the speci®c case of a (110) textured

Al thin ®lm (b 1 3 nm) with tf=400 nm. From

Fig. 7, note that hb 1 14 nm and Dhb 1 30 nm.
From Fig. 7, the area under the initial elastic
regime gives: We11:28� 105 GPa � nm3�W t

i: Using

this result in equation (10) along with the elastic
properties of Al and solving for the dislocation
loop radius gives Rd 1 37 nm. This value is roughly
equal to the contract radius under the Berkovich

indenter, corresponding to the onset of the ®rst dis-
placement burst at a penetration depth of 14 nm.
Thus, the simple dislocation model is seen to pro-

vide dislocation dimensions that are of the correct
length scale for the present nanoindentation exper-
iments. It should, however, be noted that the pre-

sent model cannot account for the occurrence of
multiple bursts and the kinetics of dislocation
motion following their nucleation.

Similar calculations can also be made for other
®lm thicknesses of polycrystalline Al. From Fig. 6,
hb 1 6 nm and Dhb 1 5 nm for tf=600 nm, and hb
1 10 nm and Dhb 1 14 nm for tf=1000 nm. The

above analysis yields Rd 1 18 nm for tf=600 nm
and Rd 1 26.5 nm for tf=1000 nm. These predic-
tions are also comparable to the contact radii at the

onset of the ®rst displacement burst. This result
further implies that the contact area does not
change in concurrence with the postulates of the

model and with the expectation based on the conso-
lidated elastic response.

5. CONCLUSIONS

On the basis of nanoindentation experiments con-
ducted on single crystal and polycrystal Al thin
®lms and polycrystal Cu thin ®lms on Si substrates,
and the accompanying TEM and AFM obser-

vations and analyses, the following conclusions are
drawn.

1. Both single crystal and polycrystal thin ®lms

exhibit periodic displacement bursts at essentially
constant loads during load-controlled nanoinden-
tation.

2. The ®rst displacement burst appears to occur
when the maximum shear stress at the indenter
tip is of the order of the theoretical shear

strength of the material.
3. The nanoindentation response of the ®lm in

between the displacement bursts is found to be

purely elastic and representative of the behavior
under a ``sharp'' Berkovich indenter. At low
loads or penetration depths, this elastic behavior,
which is independent of ®lm thickness but is

in¯uenced by the crystallographic texture of the
®lm, is characterized by Kick's law, equation (2):

P � C 0h 2, and can be predicted solely from
knowledge of the elastic properties of the ®lm
and the indenter.

4. Transmission electron microscopy of indented
polycrystalline Cu ®lms clearly reveals the exist-
ence of a signi®cantly higher density of dislo-

cations (around the indentation) than in the as-
deposited (unindented) ®lm. The punching of
arrays of dislocations within the grains surround-

ing the indentation is also evident in the TEM
images. Atomic force microscopy of the indented
Al ®lms has con®rmed the pile-up of material
around the sharp Berkovich indentation.

5. It is postulated that the displacement bursts
induced in the thin ®lms by nanoindentation are
primarily a consequence of the punching of geo-

metrically necessary, prismatic dislocation loops.
The accompanying rotation of the lattice is mani-
fested as material pile-up around the indentation.

6. A simple energetics model is proposed in this
paper to rationalize the accumulation of pris-
matic dislocation loops during the ®rst displace-

ment burst and to estimate the extent of the ®rst
displacement burst during nanoindentation. This
model rests on the premise that the total elastic
energy stored in the ®lm at the onset of the ®rst

displacement burst fully accounts for the energies
of interaction among the dislocation loops
punched out during the displacement burst. The

ensuing analytical predictions of the dislocation
loop diameter are seen to be consistent with the
indentation contact diameter induced at the

appropriate loads for di�erent ®lm thicknesses.
7. An approximate measure of the overall plastic

deformation and yield response of the thin ®lm
has also been extracted from the bounds of the

nanoindentation load vs displacement plots com-
prising displacement bursts. This measure of the
yield behavior of the thin ®lm scales with the

®lm thickness in that the resistance to overall
microplasticity is greater at smaller ®lm thick-
nesses. The resulting prediction of the yield

strength as a function of ®lm thickness for Al
and Cu ®lms is qualitatively in accord with the
(yield strength vs ®lm thickness) trends inferred

from independent substrate curvature and X-ray
di�raction measurements for a variety of f.c.c
metal ®lms.
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