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Abstract

Focusing on nanocrystalline (nc) pure face-centered cubic metals, where systematic experimental data are available, this paper pre-
sents a brief overview of the recent progress made in improving mechanical properties of nc materials, and in quantitatively and mech-
anistically understanding the underlying mechanisms. The mechanical properties reviewed include strength, ductility, strain rate and
temperature dependence, fatigue and tribological properties. The highlighted examples include recent experimental studies in obtaining
both high strength and considerable ductility, the compromise between enhanced fatigue limit and reduced crack growth resistance, the
stress-assisted dynamic grain growth during deformation, and the relation between rate sensitivity and possible deformation mechanisms.
The recent advances in obtaining quantitative and mechanics-based models, developed in line with the related transmission electron
microscopy and relevant molecular dynamics observations, are discussed with particular attention to mechanistic models of partial/per-
fect-dislocation or deformation-twin-mediated deformation processes interacting with grain boundaries, constitutive modeling and sim-
ulations of grain size distribution and dynamic grain growth, and physically motivated crystal plasticity modeling of pure Cu with
nanoscale growth twins. Sustained research efforts have established a group of nanocrystalline and nanostructured metals that exhibit
a combination of high strength and considerable ductility in tension. Accompanying the gradually deepening understanding of the defor-
mation mechanisms and their relative importance, quantitative and mechanisms-based constitutive models that can realistically capture
experimentally measured and grain-size-dependent stress–strain behavior, strain-rate sensitivity and even ductility limit are becoming
available. Some outstanding issues and future opportunities are listed and discussed.
� 2007 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

In the mid-1980s, Gleiter [1] made the visionary argu-
ment that metals and alloys, if made nanocrystalline,
would have a number of appealing mechanical characteris-
tics of potential significance for structural applications.
This followed, quite plausibly, from what was known
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about the extraordinary strength of alloys such as highly
cold drawn wires characterized by structural length scales
of nanometer size (e.g. [2]). Compared with conventional
coarser grained materials, the benefits that may be derived
from nanostructuring include ultrahigh yield and fracture
strengths, superior wear resistance, and possibly superplas-
tic formability at low temperatures and/or high strain
rates. The deformation mechanisms are also predicted to
be radically different, as plasticity at the nanoscale may
be mediated mostly by grain-boundary deformation
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processes. These provocative thoughts stimulated wide-
spread interest in the mechanical properties and novel
deformation mechanisms of nanostructured materials over
the past two decades. Many research articles have been
published in this area. Unfortunately, most of the experi-
mental findings documented in this literature up to the late
1990s were not representative of intrinsic material
response, due to the problems and difficulties associated
with preparing full-density and flaw-free nanocrystalline
samples [3]. Improvements in materials processing, dis-
cussed briefly herein, have led to enhancements in proper-
ties, but yet still further refinements are needed.

Strengthening with grain size refinement in metals and
alloys with an average grain size of 100 nm or larger has
been well characterized by the Hall–Petch (H–P) relation-
ship, where dislocation pile-up against grain boundaries
(GBs) along with other transgranular dislocation mecha-
nisms are the dominant strength-controlling processes.
When the average, and entire range of, grain sizes is
reduced to less than 100 nm, the dislocation operation
becomes increasingly more difficult and grain boundary-
mediated processes become increasingly more important
[3–6].

With these observations in mind, we continue to use the
terminology proposed in the earlier literature [3]: nanocrys-
talline (nc) materials are defined as those with their average
and entire range of grain size typically finer than 100 nm;
ultrafine crystalline (ufc) materials are defined as those with
grain sizes on the order of 100 nm–1 lm; and microcrystal-
line (mc) materials are defined as those with average grain
sizes greater than 1 lm [3–5,7–9]. When one or more
dimensions on average is smaller than 100 nm, the material
is often termed a nanostructured (ns) material [7,8,10].
Another category may be termed nc/ufc metals, whose
grain sizes are characterized by averages near 100 nm,
but with grain size distributions spanning the range from
nc to 500 nm. This class is included to highlight the fact
that recent methods utilizing severe plastic deformation
methods have produced high-density bulk Ti metal with
grain sizes (d) in the range of 50 nm 6 d 6 150 nm.

A number of reviews have been written since Gleiter [1]
first summarized the pioneering ideas, e.g. by Gleiter
[11,12], Weertman [13], Kumar et al. [3], Koch [4], Cheng
et al. [14], Wolf et al. [15], Meyers et al. [9], Ma [10], etc.
Specific references to these are made throughout the text.

This overview highlights some of the most recent exper-
imental advances in property improvements and mecha-
nisms-based quantitative analyses, rather than attempting
to provide a detailed account for all developments in this
field. Recent experimental studies, discussed herein, on
the one hand point out promising routes to optimize
mechanical properties, yet on the other hand reveal chal-
lenges to the understanding of intrinsic nc behavior that
require further careful quantitative examination. Examples
of such effects or phenomena include grain size distribution
vs. overall mechanical response and properties, the unusual
size dependence of nanoscale growth twins in terms of
ductility and the (apparent) stress-induced grain growth
observed during deformation. All of these have significant
effects on the macroscopic mechanical response and (there-
fore) implications for potential use of nc or even ufc metals
and alloys. Parallel to these new developments in experi-
mental investigations, several recent mechanisms based
and physically motivated models have provided quantita-
tive insights into the deformation mechanisms as well as
possible routes to mechanical property improvements.

This paper is organized as follows. Section 2 briefly
highlights several of the most important and commonly
used methods for processing bulk nc/ns materials. Severe
plastic deformation is included in the discussion owing to
the aforementioned ability to process nc/ufc metals.
Although not intended as a comprehensive review of pro-
cessing, this discussion provides needed perspective for
our subsequent presentation of nc metal properties. Section
3 summarizes experimental observations on strength, duc-
tility, strain rate and temperature dependence of strength,
fatigue and tribological properties of nc materials. Here,
along with the discussion of recently reported phenomenol-
ogy, we note several key findings that challenge our under-
standing of nc metal behavior. Nanocrystalline grain size
stability during deformation is one example of such critical
behavior. Improvements in fatigue performance, including
crack initiation vs. fatigue crack growth, are additional
examples. Section 4 reviews recent developments in disloca-
tion based and physically motivated continuum models.
The modeling is discussed with an aim to quantitatively
explore the critical phenomenology highlighted in Section
3. This focus explains the choice of our title. A summary
and concluding remarks follow in Section 5.

2. Materials processing

In evaluating and optimizing the performance of an nc
or ns metal, it is essential to control the defect content as
well as the microstructure or perhaps more precisely the
‘‘nanostructure’’. In particular, grain size distribution, the
distribution of interface misorientation angles, residual
stresses and internal strains are among the important struc-
tural features. In the past, the low Young’s modulus of
nanostructured materials has been attributed to the unu-
sual grain-boundary structures present but this phenome-
non is also influenced by defect structure, such as
porosity [16]. Further, it can be anticipated that control
of the grain-size distribution is extremely important in
the experimental design of nc materials. Grain size distribu-
tion is, in fact, considered both experimentally and theoret-
ically later in this review.

Nanocrystalline materials can be processed through
either a bottom-up approach [1,17,18], where the nano-
structure is built atom by atom and layer by layer, or a
top-down approach, where the nanostructure is synthe-
sized by breaking down the bulk microstructure into the
nanoscale [7,19]. Several major processing techniques have
been successfully applied so far: (1) inert gas condensation
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(IGC) [1,17,18], (2) mechanical milling/alloying [19–21], (3)
electrodeposition (ED) [22–25], (4) crystallization from
amorphous materials [26] and (5) severe plastic deforma-
tion (SPD) of bulk metals [7,8]. It has also been proven that
the grain-size distribution of nc metals can be controlled by
a so-called nanocluster source using gas aggregation and
condensation [27–31]. In addition, surface engineering
methods have been explored such as physical vapor depo-
sition, chemical vapor deposition and high-power laser
treatments to synthesize, in particular, nanocomposite
(metallic) materials [32].

The oldest preparation methods of nanostructured
metals and alloys are IGC [33,34] and ball milling [35],
but soon after their introduction several drawbacks were
noted. Material prepared with IGC showed a large poros-
ity and the manufacturing output was rather small despite
relatively high costs of the preparation equipment. Like-
wise, ball milling, well known from the production of
amorphous metals, tends to produce nanostructured
materials with considerable lattice distortions and high
impurity contents. Both gas condensation and mechanical
milling are capable of producing material with grain sizes
below 100 nm; nevertheless, the principal disadvantage is
that residual porosity may still remain as a compaction
step is needed to reach the bulk form. These thermally
assisted compaction processes that follow gas condensa-
tion and milling methods lead to unwanted grain growth.
For industrial applications more cost-effective preparation
techniques are required and none of these earlier
approaches actually survived easily in the field of applica-
tion. Of the aforementioned panoply of methods, three
methods have emerged with greater potential: electrode-
position, severe plastic deformation and cluster deposition
techniques.

The method of electrodeposition has several advantages
and, interestingly, is quite an old technique. Electrodepos-
its with special properties were already being prepared in
the middle of the 19th century [36] and, at the turn of the
20th century, electrolysis was employed to produce special
coatings with an enhanced hardness [37]. Electrochemical
deposition of nanostructured metals is possible, provided
a considerable number of grain nuclei are created on the
electrode surface. Further, the growth of nuclei and crystal-
lites should be strongly suppressed. The former require-
ment is addressed by the use of high current densities
(2 A/cm�2) that are not possible in direct current (DC)
plating. Although the peak current density is fairly high
in the so-called pulsed electrolysis, the duration of the pulse
lies in the millisecond range and requires a low voltage, i.e.
comparable to the voltage used in DC plating [38]. As a
consequence, grain size reduction can be achieved with a
short duration of the pulse combined with high peak cur-
rent densities. Second, grain size reduction is promoted
by the use of an electrolyte that contains additives. The
additive molecules which adsorb on active sites of the elec-
trode accelerate the grain nucleation and reduce the crys-
tallite growth. Third, the grain size can be controlled by
the bath temperature, since at lower temperatures a slower
surface diffusion of adatoms causes retarded grain growth.
Along these lines, nanocrystalline Ni was electrochemically
prepared by Erb and co-workers [23,39] and by Bakonyi
et al. [40,41] using electrolysis. DC electrolysis provides
materials with some growth texture and with grain sizes
of 30 nm and above. In contrast, pulsed procedures pro-
duce texture-free and pore-free nanostructured metals with
grain diameters clearly below 20 nm. Besides pure metals
like Ni, Pd and pure Cu with nanoscale growth twins
[25], nanocrystalline NiCu alloys were also manufactured
using a pulse electroplating technique [38]. Another new
development worth mentioning is that, by precisely con-
trolling the W content and thereby controlling the grain
size (�2–140 nm) in making electrodeposited nc Ni–W
alloys [42], plastically graded nc Ni–W samples can be suc-
cessfully produced [43,44].

As regards the other two promising techniques, severe
plastic deformation (SPD) produces a relatively large
amount of bulk material that can be 100% dense [7]. This
is a major advantage, especially for mechanical property
measurements and structural applications [7,8]. Many ns
metals and alloys have been processed, and intensive stud-
ies of such ns/ufc metals are ongoing worldwide. But for
pure face-centered cubic (fcc) metals the smallest grain size
achievable via SPD is often above the 100 nm limit, so the
interesting mechanical properties of these SPD nc/ufc
materials will not be discussed at length in this overview.
After SPD, the grain size distribution can be somewhat
broad, ranging between tens and a few hundred nanome-
ters up to 1000 nm in the most extreme cases, when pro-
cessing is not optimized; also, some grain boundaries are
not of the high-angle type. Surface mechanical attrition
treatment (SMAT) is another recently developed SPD-
related technique that can induce grain refinement into a
nanometer regime in the surface layer of bulk materials
[45,46]. As a simple and flexible approach for obtaining
nanostructures, SMAT is potentially useful in industrial
applications, and it provides a unique opportunity to inves-
tigate the severe plastic deformation-induced grain refine-
ment process [47,48]. In comparison, both the
electrodeposition method and (nano)cluster source method
generate fully dense nc metals with grain sizes down to a
few nanometers, and have a relatively narrow grain size
distribution [28,49]. Interestingly, the clusters produced
by the cluster-source method are grown in extreme non-
equilibrium conditions, which allow metastable structures
of metals and alloys to be obtained. Moreover, because
one avoids the effects of nucleation and growth on a spe-
cific substrate, one may tailor the properties of the films
by choosing the appropriate preparation conditions of
the preformed clusters.

Finally, several new routes to produce bulk nanocrystal-
line metals and alloys have been pursued. One example is
based on friction stir processing to refine the grain sizes
to a nanoscale. The method is limited to thin metal sheets
that are processed in a multi-pass overlapping sequence. So
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Fig. 1. (a) Summary of experimental data from the literature on the grain
size dependence of strength of Cu specimens. The strength (or hardness) is
plotted vs. d�1/2. Literature data on hardness [53–55,65,66] (solid symbols)
and yield strength (multiplied by 3) from compression tests
[54,56,57,65,67,68] (empty symbols) are included in (a), and the literature
data of tensile yield strength [25,54–62] are included in (b). The straight
lines represent the H–P relation extrapolated from mc Cu [58]. Note that
most ultrafine crystalline (ufc) Cu samples (with d in the submicron
regime) exhibit higher hardness and tensile strength than the H–P
expectation. The possible reason may be related with the fact that the
ufc samples were prepared via severe plastic deformation, in which dense
dislocation walls, tangles, cell walls or even subgrain boundaries are
formed. These are barriers to the motion of dislocations and hence
strengthen materials. (Figure taken from Ref. [53].)

4044 M. Dao et al. / Acta Materialia 55 (2007) 4041–4065
far, the method has been fairly successfully explored for Al
alloys [50].

Readers are referred to the various papers cited above
for further details concerning the processing of nc metals
and alloys.

3. Mechanical properties derived from nanostructuring

This section outlines the considerable progress made
over the past several years, from the perspective of the con-
trol of macroscopic (continuum) ‘‘materials response’’. The
highlight is the improved and sometimes optimized
mechanical properties achieved very recently by engineer-
ing the microstructure on the nanoscale in high-quality
nc/ns metals. Behavior either newly contrasted against, or
unusual relative to, coarser grained metals will be
described. This is done for each of a comprehensive set
of basic mechanical properties, including strength, ductil-
ity, strain rate and temperature dependence, fracture, fati-
gue and tribological wear resistance. Only fcc metals will be
covered in this review, because they are the class of metals
for which systematic data sets are available. It will become
apparent that nc materials offer unprecedented mechanical
properties, although, as noted above, there are issues
related to structural stability. The nc or ns regime has also
opened up new horizons in terms of fundamental under-
standing of deformation behavior and novel microstruc-
tural design. In addition, critical phenomena, such as
stress-assisted grain growth and its effect on the deforma-
tion behavior of the nc materials, and critical behavior,
such as the high sensitivity to strain rate of nc metals, will
be discussed. Both of these aspects, among other nc prop-
erties, have been the subject of much recent experimental
and theoretical interest.

3.1. Strength

Extraordinary mechanical strength can be derived
through nanostructuring. This is an extrapolation of the
well-known engineering practice of grain refinement for
strength. The yield strength of polycrystalline metals is gen-
erally observed to increase as the grain size decreases
according to the empirical Hall–Petch (H–P) relationship
[51,52]:

ry ¼ r0 þ Kdd�1=2 ð1Þ
where d is the grain diameter, ry is the yield strength, and
r0 and Kd are material dependent constants. A physical ba-
sis for this behavior is associated with the difficulty of dis-
location movement across grain boundaries and stress
concentration due to dislocation pile-up. Based on Eq.
(1), metals with nanoscale grains should be much stronger
than their coarse-grained counterparts.

Indeed, extremely high strength and hardness have been
observed in nc metals, especially recently using high-quality
nc samples. The strength and hardness have been found to
increase with decreasing grain size [53]. For example, a
summary of the hardness vs. d�1/2 for Cu reported in the
literature is presented in Fig. 1a. The hardness of nc Cu
with an average grain size of 10 nm can be as high as
3 GPa, corresponding to a yield strength ry � 1 GPa,
which is more than one order of magnitude higher than
that of coarse-grained Cu (ry � 50 MPa). A similar plot
is shown in Fig. 1b for the yield strength of various Cu
specimens obtained from tensile tests [25,54–62]. Clearly,
the measured hardness as well as the yield strength in
Fig. 1 follow the traditional H–P relationship, even when
the grain size is as small as 10 nm. Similar phenomena have
been reported by Knapp and Follstaedt [63] for nc Ni and
by Schuh et al. [64] in nc Ni–W alloys, where the H–P rela-
tionship remains valid when the grain sizes are as small as
several nanometers. The mechanisms for the continued
H–P strengthening down to d � 10 nm are not fully under-
stood as yet, as the traditional picture of dislocation pile-
ups is not expected to be applicable to nc grains. Models
involving grain boundary processes lead to a d�1 depen-
dence, as discussed in Section 4.

It has been argued that, when the grain size is extremely
small, grain boundary processes could be enhanced to a
level where they control plastic deformation. Therefore,
one of the issues in debate has been whether the H–P rela-
tion breaks down at a critical grain size. In Fig. 1, there is
no clear indication of such a critical grain size for copper at
room temperature under ordinary strain rates. In computer
simulations, Van Swygenhoven et al. [69] identified a criti-
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cal grain size for Cu at about 8 nm: for grains smaller than
8 nm, the plastic deformation was dominated by GB slid-
ing. Another molecular dynamics (MD) simulation study,
by Schiøtz and Jacobsen [70], indicated that a maximum
flow strength occurred in Cu at d = 10–15 nm, correspond-
ing to a shift in the microscopic deformation mechanism
from dislocation-mediated plasticity to GB sliding. Other
recent models [71,72] propose that there can be a ‘‘stron-
gest size’’ below which some grain boundary shear mecha-
nism kicks in. However, such a maximum strength or
hardness has not been fully confirmed experimentally (see
again Fig. 1). Earlier experimental observations of the so-
called inverse H–P relation in Cu had been attributed to
sample defects, such as flaws, porosity or contamination
[54]. One may thus conclude that grain size strengthening
persists at least to a grain size on the order of 10 nm for
Cu. Nanostructuring can indeed offer extremely high
strength/hardness when such properties are needed for cer-
tain structural or coating applications. It is remarkable that
a simple, relatively soft metal like Cu can be made to exhi-
bit a strength as high as �1 GPa through nanostructuring
as shown in Fig. 1 (see also Sections 3.2 and 3.3). For
d 6 10 nm, softening may be possible, but this remains to
be further validated experimentally, as fully dense nc bulk
experimental samples with uniform grain sizes of less than
10 nm are very difficult to produce, although MD simula-
tions [15,69,70,73], the bubble raft model [74] and limited
experiments on nc Ni [22,75] have suggested that the criti-
cal grain size for decreasing strength may be on the order
of 7–15 nm.

3.1.1. Strengthening using nano-twinned microstructures

While the use of general high-angle grain boundaries has
been the focus for increasing strength in previous studies of
nc materials, it has been recently demonstrated that nano-
0 2 4 6 8 10 12 14 16 18

200

400

600

800

1000

1200

1400

ufg Cu

nt Cu-C

nt Cu-B

 6 X 10-1s-1

 6 X 10-2s-1

 6 X 10-3s-1

 6 X 10-4s-1

True strain (%) 

nt Cu-Ant-Cu-fine

nt-Cu-medium

nt-Cu-coarse

ufc-Cu-control

20

ufg Cu

nt Cu-C

nt Cu-B

 6 X 10-1s-1

 6 X 10-2s-1

 6 X 10-3s-1

 6 X 10-4s-1

Tr
ue

 s
tre

ss
 (M

Pa
)

nt Cu-Ant-Cu-fine

nt-Cu-medium

nt-Cu-coarse

ufc-Cu-control

a b

Fig. 2. (a) Tensile true stress–true strain curves for three different as-deposited C
100 nm, 35 nm and 15 nm, respectively); for comparison, tensile stress–strain cu
same electrodeposition solution are also included [25,76,78]. (Figure taken fro
(where k is the average lamellar spacing determined from statistic TEM ob
comparison, H–P plots for the mc Cu [58] (straight line and open circles) and
taken from Ref. [77].)
scale growth twins can be an effective alternative. Twin
boundaries (TBs) not only are an effective barrier to dislo-
cation motion and hence a potent strengthener [25], but
also help retain ductility (see Section 3.2) and electrical
conductivity. By introducing a high density of nanoscale
growth twins, Lu and collaborators [25,76–79] demon-
strated a significant size-dependence of mechanical proper-
ties on the twin lamellar spacing (k), much like the grain
size dependence of the strength in nc metals. This is demon-
strated by the tensile stress–strain curves in Fig. 2a
whereby, with decreasing twin lamellar spacing, both the
tensile strength and the ductility increase remarkably.
The series of Cu samples in Fig. 2a has a similar submi-
crometer average grain size (400–500 nm) but different twin
densities. With increasing twin density, or decreasing twin
lamellar spacing, the strength of the nano-twinned Cu
(nt-Cu) sample increases gradually. The plot of yield
strength as a function of k�1/2 of the nano-twinned Cu,
in comparison with the H–P plot with d�1/2, is shown in
Fig. 2b. The agreement with the empirical H–P line sug-
gests that the strengthening effect of TBs is analogous to
that of conventional GBs in Cu, even when the twin spac-
ing is decreased to the nanometer scale. For the nt-Cu sam-
ple with an average twin lamellar spacing of �15 nm, the
tensile yield strength, ry, reaches 900 MPa and the ultimate
tensile strength 1068 MPa, which is similar to, or even lar-
ger than, those reported for polycrystalline pure Cu with
three-dimensional nano-sized grains. Additional discussion
of the effective blockage of dislocation motion by the
numerous coherent TBs which act as strong obstacles is
given in Section 4.2.5.

3.1.2. Strength reductions due to dynamic grain growth

During prolonged mechanical tests, or for samples that
have very high purity, the high strength discussed above
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may degrade with time. This is due, no doubt, to the large
excess energy associated with grain boundaries in nc mate-
rials which is expected to cause instability in their nc grain
size distributions. Evolution towards equilibrium can be
driven, or promoted, by stress during deformation. Indeed,
recent studies have found that indentation induced rapid
grain growth in nc Cu [84,85] and nc Al [86]. For nc Cu
samples, hardness drops significantly as the indenter dwell
time increases. Grain growth was observed near the
indented region during microhardness testing at both cryo-
genic and room temperatures. Surprisingly, it is found that
grain coarsening is even faster at cryogenic temperatures
than that at room temperature. Here it is also interesting
to note the influence of impurities. Using in situ nanoin-
dentation in a transmission electron microscope (TEM),
extensive grain boundary motion has been observed in pure
Al [86], whereas Mg solutes effectively pin high-angle grain
boundaries in the Al–Mg alloy films [87]. The proposed
mechanism for this pinning is a change in the atomic struc-
ture of the boundaries, aided by solute drag on extrinsic
grain boundary dislocations. The mobility of low-angle
boundaries is not affected by the presence of Mg.

After these initial observations of indentation-induced
grain growth in IGC nc Cu and Al [84–86], grain growth
was observed experimentally in nc materials that are
deformed under other deformation modes; for example,
high pressure torsion (HPT) processing-assisted grain
growth in nc ED Ni [88], compression-induced grain
growth in an nc Ni–Fe alloy [89], and even tensile deforma-
tion-assisted grain growth in nc Al [90] and nc Co alloy
[91]. Recently, Zhu et al. [92,93] attempted to simulate
the time evolution of the hardness considering grain size
distribution so as to obtain a consistent explanation of
the grain growth phenomena. More details of the simula-
tion results will be reviewed in Section 4.2.4.

The fact that the grain growth process occurs at low
temperatures raises the following critical questions. (1)
What is the effect of stress-assisted grain growth on the
comprehensive mechanical behavior during the plastic
deformation? In addition to the decrease in hardness/
strength discussed here, changes in ductility, fatigue behav-
ior, etc., are also expected. (2) What is the effect of the ini-
tial microstructure of the nc materials, including grain size,
grain size distribution [92,93], grain boundary energy,
impurity content, defects and residual stress, on the grain
growth process? (3) What is the critical condition (stress,
strain, loading rate, etc.) required to induce grain growth
in nc materials? (4) What are the atomic-level mechanisms
for the mechanically driven, and perhaps diffusionless,
grain growth? These critical issues are currently in debate
and need to be further investigated.

3.2. Ductility and fracture

The ductility of a metal is usually defined as the ability
to plastically deform without failure, via fracture, under
tensile stress. In addition to ultrahigh strength, which is a
desired and expected benefit of nanostructuring, reason-
ably good ductility (tensile elongation 10% or above) is
another attribute that nc or ns metals are required to pos-
sess in order for them to be practically competitive as new
structural materials. There has been exciting recent pro-
gress in developing nc metals that offer not only gigapascal
strength but also good ductility, even for grain sizes as
small as �20 nm. We will devote extensive discussion
below to the ductility issue, because a high ductility
together with high strength is difficult to achieve.

Up until 2003, the literature data accumulated indicated
that nearly all nc metals had tensile elongation to failure of
no more than a few percent, even for those fcc materials
that are very ductile in coarse-grained form [94–96].
Fig. 3 provides representative data for tensile elongation
to failure vs. yield strength for nc metals [16,25,54,97–
105]. It is evident that, in general, the ductility of high-
strength nc/ns metals is much lower than their conven-
tional microcrystalline (mc) counterparts. For example,
mc Cu can have an elongation-to-failure as large as 60%,
but the elongation-to-failure of most nc Cu samples (with
d 6 25 nm) is nowhere near such a value [95]. An exception
is an electrodeposited Co sample (d = 12 nm) which exhib-
ited a high strength (three times higher than mc Co) along
with a reasonable ductility, viz. 7%, which is not much
lower than conventional Co, at room temperature.

For many of the earlier nc materials, low ductility and
premature fracture, sometimes failure occurring even in
the elastic regime, were due to processing flaws and arti-
facts [13,59]. This was especially true when nc specimens
were made by ‘‘two-step’’ processes that required a consol-
idation step. With these processes, artifact-free bulk sam-
ples are difficult to obtain. Large residual stresses,
porosity, contamination from gaseous and metallic species
as well as the imperfect bonding between particles are inev-
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itable, even when the consolidated sample reached the the-
oretical density.

Fracture is a complex phenomenon of initiation, propa-
gation and coalescence of voids or cracks. Failure at low
levels of plastic strain is often due to plastic instability.
Intensely localized inelastic strain may cause early crack
formation in otherwise ductile metals. The typical fracture
morphology of nc metals consists of a mixture of ductile
dimples and shear regions. However, the dimple size, while
much smaller than that of conventional polycrystalline
metals, is several times larger than the grain size. Yin
et al. [107] showed that the spacing and size of dimples
are on the order of 1 lm, which is considerably larger than
the grain size (19 nm) in the nc Ni they studied. The results
of Kumar et al. [108] and Hasnaoui et al. [109] are in agree-
ment with this observation. The shear regions are a direct
consequence of the increased tendency of the nc metals to
undergo shear localization. We note that shear localization
is known to be promoted when the ratio of strain harden-
ing rate to prevailing stress level falls below critical values
[110]; since it is typically the case that such ratios are low in
nc metals, it is expected that they may be prone to localized
shear deformation [59,99].

Recently, Youssef et al. [102] reported flaw-free nc Cu
made via a unique process of in situ consolidation through
mechanical milling at both liquid nitrogen and room tem-
perature. The Cu produced was reported to be artifact free,
i.e. with no porosity, and minimal impurity contamination.
The tensile true stress–strain curve for this bulk nc Cu is
compared with that of the conventional Cu in Fig. 4. A
very high yield strength (791 ± 12 MPa), along with 14%
uniform elongation accompanied by obvious strain hard-
ening and 15.5% elongation to failure, was observed. This
ductility is much greater than that previously reported for
all nc metals of similar grain size. Moreover, Li and Ebrah-
Fig. 4. A typical tensile true stress vs. strain curve for a bulk in situ
consolidated nanocrystalline Cu sample (with an average grain size of
23 nm) with high purity and high density in comparison with that of
coarse-grained polycrystalline Cu sample (with an average grain size larger
than 80 lm) and a nanocrystalline Cu sample (with a mean grain size of
26 nm), prepared by an inert-gas consolidation and compaction tech-
niques. (Figure reprinted with permission from Applied Physics Letters

2005;87(9):091904. Copyright 2005, American Institute of Physics.)
imi [111] reported that, without using electroplating addi-
tives that may degrade ductility, they could still
electroplate metals and alloys with nanocrystalline grain
sizes (d = 44 nm for Ni and 9 nm for an Ni–15%Fe alloy).
Their Ni showed a tensile strength of �1080 MPa, an elon-
gation to failure of �9%, a uniform ductility of 6–7%, and
strong work hardening. The Ni–15%Fe displayed an
impressive tensile strength of over 2300 MPa, an elonga-
tion to failure of �6%, a uniform ductility of 4–5% and
very strong work hardening. Erb et al. [112] recently also
tested Ni–Fe alloys prepared using electrodeposition. Duc-
tility similar to, or even better than, that reported by Li and
Ebrahimi [111] was also observed. They attributed the duc-
tility to the relatively large thickness of their new samples
that better met the ASTM standards; their new samples
were now millimeters thick, whereas those tested earlier
were much thinner than 1 mm. Very thin samples may be
susceptible to instability and premature failure because
of, for example, their increased sensitivity to the propaga-
tion of small surface cracks. In any case, it appears that
after minimizing processing artifacts, nc metals can indeed
be made very strong and ductile. Such a discovery, along
with further optimization of processing and properties,
can have major implications for the application of nc met-
als as structural materials.

A major factor limiting the uniform tensile elongation is
the tendency for plastic instability, such as shear band for-
mation or necking. Localized deformation modes such as
these may occur in the early stages of plastic deformation
due to the decreased strain hardening capacity, whereas a
reasonably high strain hardening rate is required to stabi-
lize the tensile deformation at stress levels that prevail in
high-strength nc metals [10,59]. The strain hardening
capacity of nc metals is not expected to be very large as
their extremely small grain size makes it difficult to store
dislocations. Indeed, the conventional mechanism for the
high work-hardening rates in fcc metals, including the for-
mation of dislocation locks, formation of dipoles and sig-
nificant pinning due to dislocation intersections, have yet
to be experimentally confirmed for nc materials during
room-temperature tensile tests [102]. It is expected that
any improvements of the strain hardening will be beneficial
to enhancing the homogeneous plastic deformation for nc
materials. Significant strain hardening is seen in the high-
strength, high-ductility Cu in Fig. 4. This is in contrast to
all previous nc metals, which showed appreciable strain
hardening rates only during the initial stage of plastic
deformation, i.e. over the initial couple of percent of plastic
strain. In this context, one could interpret the success in
Fig. 4, and the other cases cited above, as follows: the
high-quality samples recently developed allowed one to
take advantage of the intrinsic work hardening capability
of the nanocrystalline grain structure in certain cases.
The exact mechanisms for such strain hardening sustain-
able over a range of strains, however, require future study,
since it is unlikely that the hardening comes only from the
conventional dislocation storage mechanism [102,111],
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given the tiny grains that encourage dynamic recovery dur-
ing room-temperature deformation [59].

An appropriate grain size distribution could also impart
both high strength and ductility [113,114]. This approach
has been demonstrated for Cu [114] through an intention-
ally designed bimodal distribution realized via recrystalli-
zation and secondary recrystallization, in consolidated Al
alloys made of powders with different grain sizes [115]
and other materials [116]. A grain size distribution can also
result from stress-assisted grain growth, developed in situ
during (tensile) testing [90]. As mentioned in the discussion
on dynamic grain growth [84–86,90], this occurs because nc
metals have grain sizes so small that there is a large driving
force for grain growth, and the applied stresses during plas-
tic flow can be very high. In addition, nanocrystalline
grains are often prepared via vapor deposition/condensa-
tion. In such processing the content of impurities that
could pin the grain boundaries can be kept quite low.
The coarsened grain structure can be bimodal due to the
abnormal growth mode, or exhibit a wide grain size distri-
bution. Tensile ductility was found for otherwise brittle
nanocrystalline thin films, e.g. in vapor-deposited Al [90].
In all these cases, strain hardening was improved because
of the mechanisms made possible by the inhomogeneous
grain structure [10]. More discussion with respect to mech-
anisms and the role of grain size distribution will be pre-
sented in Section 4.

It is interesting to note that the twin boundary
strengthening strategy discussed in Section 3.1 (Fig. 2a),
while imparting high strength, can retain an adequate
strain hardening rate in the nanostructure. In fact, elonga-
tion-to-failure for the nano-twinned Cu in Fig. 2a
increases considerably with increasing twin boundary den-
sity. The Cu sample with the highest twin density shows
both high strength and ductility, as illustrated in
Fig. 2a. It is proposed that high densities of dislocations
could be accumulated near the regions of TB and facili-
tate uniform plastic deformation [117]. Meanwhile,
nano-twinned Cu has multimodal distributions of length
scales, which is known to benefit ductility [83]. The twins
subdivide the submicron-sized grains into nanometer-sized
twin/matrix lamellar structures, of which the length scale
parallel to the TBs (plastically soft direction) is of the
order of submicrometers, whereas that in the direction
transverse to TBs (the plastically hard direction) is at
the nanometer scale [78]. In the former direction, disloca-
tion glide/accumulation is relatively easier, while it is
more difficult in the latter direction. This suggests that
the nanostructuring strategy of using high density nano-
scale coherent twin boundaries to ‘‘replace’’ the more typ-
ical general high-angle nanocrystalline grain boundaries
can also lead to a combination of high strength and high
ductility for pure nc metals [117].

When nanoscale structures are used as the base system
into which other microstructural features are introduced,
including grains or twins of varying length scales, second
phase particles, deformation-induced phases and grain
boundaries of nonequilibrium nature, the ductility and
strength of nc/ns materials can be improved and optimized
via a number of ways [10]. These approaches often involve
microstructures in the ufc regime, i.e. at scales above
100 nm, and hence are not covered in detail in this
overview.

3.3. Strain rate and temperature dependence of strength

The strain rate and temperature dependence of the
strength and ductility of nc metals will be summarized in
this subsection. This dependence has been found to be
rather strong in nc or ns metals, more so than had been
realized previously. The engineering parameter measuring
strain-rate sensitivity, m, is commonly defined as

m ¼ o log r
o log _�

j�;T ð2Þ

where r is the flow stress and _� the corresponding strain
rate. The exponent m, in a r / _�m-type relation, is one of
the key engineering parameters for controlling and under-
standing the deformation in metals. For example, a highly
strain rate sensitive material is expected to resist localized
deformation and hence be ductile, and in the extreme case
of very high rate sensitivity, be superplastic. Recent exper-
iments have probed the strain-rate sensitivity of ultrafine
grained and nanocrystalline metals, and revealed obvious
and interesting differences from the behavior known for
conventional metals. With decreasing grain size, an in-
crease in m has been found to be common for fcc metals.
For the behavior of bcc materials, the reader is referred
to Refs. [9,118].

For nc Ni, Schwaiger et al. [103] systematically changed
the loading rate and strain rate during controlled indenta-
tion of electrodeposited nc Ni (average grain size �40 nm)
and showed that the flow stress of nc samples was highly
sensitive to the rate of deformation. Their results are repro-
duced in Fig. 5a. Dalla Torre et al. [119] and Wang et al.
[120] found a similar tendency for nc Ni samples by means
of tensile tests, including jump tests and relaxation experi-
ments (see Fig. 5b).

Fig. 6a summarizes the variation of m as a function of
grain size, d, for Cu samples, based on literature data
[53,56,121–126]. The variation of m vs. twin lamellar spac-
ing, k, is also included (with open symbols) for comparison
[76]. Despite some inconsistencies in the absolute values
obtained from different research groups or those arising
from different sample synthesis methods and different test-
ing methods, there is a consistent and clear trend: the m
value increases with a decrease of grain size from the
micron to the submicrometer scale (m from 0.006 to about
0.02), followed by an obvious ‘‘take-off’’ when the grain
sizes are reduced to below a couple of hundred nanometers.
In the nanoscale regime, m is much larger than that
reported for conventional Cu. The current suggestion is
that the highly localized dislocation activity (e.g. disloca-
tion nucleation and/or dislocation de-pinning) at the GBs
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leads to an enhanced strain-rate sensitivity for nc metals
[103,120,121,127,128]. Fig. 6b shows a plot of the effect
of grain size on the activation volume [127], measured in
units of b3, for pure Cu and Ni, and where b is the magni-
tude of a perfect dislocation.

The overall strain-rate dependence of a material is influ-
enced by dislocation activity, GB diffusion, and lattice
diffusion [99,129–132]. Generally the contribution of lattice
diffusion is negligible at room temperature. For mc fcc
metals, the rate-controlling process is the cutting of forest
dislocations, resulting in a low strain-rate sensitivity. With
d decreasing into submicrometer and nc regimes, forest
cutting mechanisms subside as now it is the large number
of GBs and/or subgrain boundaries that serve as obstacles
to dislocation motion. The rate-limiting process is increas-
ingly influenced by dislocation–GB interactions. Cheng
et al. [99] recently presented a summary of strain-rate sen-
sitivity as a function of grain size, down to grain sizes of
20 nm. They explained the elevated strain-rate sensitivity
by using a model considering the length scales in nc grains
during grain boundary–dislocation interaction. More com-
ments on the underlying mechanisms will be presented in
Section 4, where the origin of the small activation volume
is discussed.
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Although the m value of Cu is enhanced by an order of
magnitude when the grain size is reduced to about 10 nm,
the largest m value observed (0.06) is still much smaller
than that expected for the plastic deformation process con-
trolled by GB sliding (m = 0.5) [133] or Coble creep
(m = 1.0) [134]. Taken as a whole, the results indicate that
grain boundary diffusion-mediated mechanisms are not yet
dominant over dislocation-based processes for grain sizes
down to 10 nm. This is consistent with observations that
the hardness in Cu increases with decreasing grain size
down to 10 nm, still following the classic H–P relation.

An increased strain-rate sensitivity was also observed in
ultrafine grained Cu with a high density of coherent twin
boundaries (CTBs). The loading rate sensitivity of Cu with
a twin lamellar spacing of 20 nm was shown to be 0.035,
about seven times higher than that of ufc Cu without twins
[76]. With a decrease of TB density, m also decreases. The
dependence of m on the twin lamellar spacing has been
included in Fig. 6a. The authors suggested that the CTBs
in the nt-Cu specimen serve as barriers for dislocation
motion and sources for dislocation nucleation, much like
the general high-angle GBs. The highly localized disloca-
tions in the vicinity of TBs, as indicated by TEM images
[76–78], appear to lead to an enhanced strain-rate
sensitivity.

There have been indications that the elevated strain
rate sensitivity index m in nc/ns metals plays a role in
improving strength/ductility properties. The strength
increase due to the rate sensitivity is seen in Fig. 5a.
Valiev et al. [62] attributed the large ductility observed
for an nc Cu sample after 16 passes of equal channel
angular extrusion (grain size 100 nm) to an unusually
large m of 0.14. Wang and Ma [114] argued that the mod-
erately elevated m could delay necking to a plastic strain
of the order of 10% due to the strain rate hardening
mechanism. Champion et al. [135] observed nearly perfect
plastic behavior in the absence of strain hardening in an
nc Cu (grain size reported to be 80 nm) prepared via con-
solidation. The uniform tensile deformation to about 12%
plastic strain may also be due to the stabilizing effect of
an enhanced value of m [114].

Corresponding to the enhanced strain-rate dependence,
there is also a more pronounced temperature dependence,
arising from the thermally activated deformation mecha-
nisms controlling the plastic flow. A rapid increase in yield
strength has been documented for nc Ni and Cu, when the
deformation temperature is lowered to below room temper-
ature [136]. This feature could be useful for cryogenic
applications. The origin of the strong temperature depen-
dence, as well as for the rate sensitivity, has been linked
to the small activation volume of dislocation mobility
observed in strain rate change tests [120,121,127,136,137].
The activation volume, in turn, is a signature of the under-
lying deformation processes [127]. Three specific interac-
tion scenarios have been discussed by Asaro and Suresh
[127], Wang et al. [120,136] and Van Swygenhoven et al.
[128,137]. More discussion will be presented in Section 4.
3.4. Fatigue

Grain refinement has long been a possible strategy to
improve fatigue and fracture resistance of engineering met-
als and alloys [138]. Many studies in the literature have
dealt with mc materials [138]. Limited data are available
for ufc materials, processed mostly via equal channel angu-
lar pressing (ECAP) methods [139–142]. Only a few studies
[141,142] have been conducted so far on nc materials.

In the mc and ufc regimes, grain refinement was found
to result in the following two trends: (1) higher fatigue
endurance limit caused by the elevated strength due to
grain refinement; and (2) deteriorated fatigue damage toler-
ance, especially in the low stress intensity range [141,142].
The fatigue fracture resistance was considered to be related
to the possible microstructure-driven crack path changes
due to the grain size changes [143].

It is of great interest to study the effects of grain refine-
ment on fatigue behavior at the nanoscale range when
average, as well as peak, grain sizes are all below 100 nm.
Witney et al. [144] studied IGC nc Cu samples with a den-
sity of 97.4–99.3%. The maximum stress amplitudes ranged
from 50% to 80% of the yield stress, and the minimum
stress was 10 MPa. After several hundred thousand cycles,
a moderate increase in grain size was observed (on the
order of 30%). The cyclic deformation in their tests
appeared to be elastic.

To date, there is but a single set of published reports
[141,142] on the fatigue life and fatigue crack growth for
full-density nc metals. Using electrodeposited nc Ni (with
an average grain size in the range 20–40 nm, and peak
grain size near 70 nm), Hanlon et al. [141] showed the effect
of grain size on the fatigue resistance of initially smooth-
surfaced pure Ni (see Fig. 7a) in terms of S–N curves.
Nanocrystalline Ni was shown to have a moderately higher
endurance limit when subject to stress controlled fatigue
loading than ufc Ni, while both nc Ni and ufc Ni showed
significantly higher fatigue resistance than the mc Ni. On
the other hand, systematic follow-up work [142] confirmed
that over a wide range of load ratios nc Ni showed signif-
icantly lower resistance to fatigue crack growth. A sum-
mary plot can be found in Fig. 7b where the stress
intensity factor range DK required for a growth rate of
10�6 mm/cycle in ufc and nc Ni is plotted as a function
of maximum stress intensity factor Kmax.

To understand the mechanism of crack growth vs. grain
refinement, the previous model proposed by Suresh [143]
can be used. The model suggested that predominantly crys-
tallographic and stage I crack growth result in microstruc-
turally tortuous crack paths in coarser grained materials.
Fig. 8 shows SEM crack growth images of mc, ufc and
nc Ni subjected to fatigue loading at 10 Hz and loading
ratio R = 0.3. The crack path is much less tortuous with
an decreasing grain size. Using the quantitative model
found in Ref. [143], the predicted results match fairly well
with the experimental data sets at different grain sizes
and R values [142].
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Fig. 7. (a) The effect of grain size from the micro- to the nano-regime on the cyclic stress vs. total number of cycles to failure plot in pure Ni. (Figure
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Fig. 8. Scanning electron micrographs of mc, ufc and nc Ni subjected to sinusoidal fatigue loading at initial DK values of 10, 6.2, and 8.5 MPa m1/2,
respectively. A cyclic frequency of 10 Hz and loading ratio R = 0.3 were used in all cases. Crack path tortuosity clearly decreases with grain refinement.
Images (d)–(f) are high-magnification images of (a)–(c), respectively, and the magnification of (f) is 10 times that of (d) and (e). (Figure reprinted from Ref.
[142]. Copyright 2005, with permission from Elsevier.)
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With the enhanced fatigue limit for nc metals but the
reduced crack growth resistance, it is likely that a con-
trolled grain size gradient may bring beneficial fatigue
properties while avoiding unwanted disadvantages. In fact,
the idea of surface treatment to get nanocrystallized layer
on the surface was successfully explored [145,146]. An
MD model simulating fatigue crack growth at the nano-
scale [147] showed that the fatigue crack growth mecha-
nism involves dislocations emitted from the crack tip and
nanovoids formed ahead of the main crack. The predicted
crack growth rates as a function of stress intensity ampli-
tude by Farkas et al. [147] are consistent with the experi-
mental results reported in Refs. [141,142].
3.5. Tribological properties

Systematic studies of wear in pure nc metals are less
common because of the difficulty in synthesizing bulk nc
samples suitable for friction and wear tests. Recently,
Han et al. [148] compared the dry sliding tribological
behavior of an electrodeposited nc Cu and a conventional
mc Cu. Experimental results showed that the wear resis-
tance of nc Cu was enhanced. The steady-state friction
coefficient of the nc Cu was obviously lower than that of
the mc Cu when the load was below 20 N. The wear volume
of the nc Cu was always lower than that of the mc Cu for
the applied load ranging from 5 to 40 N. The difference
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in wear resistance between the nc and the mc Cu decreased
with increasing load. The enhancement of the wear proper-
ties of the nc Cu was associated with the high hardness and
the low work-hardening rate of the nanocrystalline struc-
ture, and easy oxidation of wear debris, which are all
related to grain refinement. Similar findings were reported
by Bellemare et al. [149], who established a quantitative
framework to evaluate frictional sliding.

Although, for some time now, hardness (H) has been
regarded as a primary material property affecting wear
resistance, the H/E ratio (E being Young’s modulus),
which is related to the elastic strain to failure, is a more
suitable parameter for predicting wear resistance [150].
Within a linear-elastic approach, this is understandable
keeping in mind that the yield stress of contact is propor-
tional to (H3/E2) and that the critical energy release rate
is proportional to r2

c with rc the critical stress of fracture.
As such, H3/E2 is a strong indicator of resistance to plastic
deformation in loaded contact and the H/E ratio is an indi-
cator of ‘‘elastic strain to failure’’ (and resilience). These
rather simple considerations suggest that the fracture
toughness of nanostructured material would be improved
by both a low elastic modulus and a high critical stress
for fracture implying also a need for high hardness. There-
fore the best choice is not to focus on mono-component nc
metal systems but rather to synthesize a nanocomposite
material where nanocrystalline hard-metallic- or non-
metallic particles are embedded in a relatively compliant
metallic matrix. The advantage is that a nanocomposite
material contains a high density of interphase interfaces
that may assist in crack deflection and termination of crack
growth [32,151,152]. Moreover, other mechanisms, like
interface diffusion [153] and sliding [73,154,155], are also
suggested to further improve ductility in nc multiphase
structures. These findings could be expanded to the field
of hard wear-resistant coatings to introduce ductility and
prevent fracture under a high contact load, leading to super
toughness [156]. Although mechanical properties, such as
Young’s modulus and hardness, of nanocomposite materi-
als have been reported in some detail, only scant informa-
tion is available on the correlation between the
nanostructure, the mechanical properties and the macro-
scopic tribological characteristics [157]. In particular,
amorphous carbon- or amorphous hydrocarbon-based
nanocomposite coatings are expected to exhibit not only
excellent wear resistance but also low friction due to the
self-lubrication effects of the diamond-like carbon matrix,
which make them environmentally attractive because liquid
lubricants can be omitted [158–161].

Here some interesting results are briefly mentioned, in
particular the example of nano-sized Cr particles embedded
in a Cu matrix [162]. The overall conclusion is that binary
alloys of a ‘‘nitride-forming’’ transition metal with another
low-modulus, low-miscibility transition metal element
appear to provide a promising route to achieve a high
H/E ratio. The transition metal particle can be ‘‘doped’’
to supersaturation with an interstitial element (B, C, N or
O) to increase yield strength. In addition, alloys made of
mixtures of elements with different atomic radii and/or
valence electron configurations provide challenges and
opportunities to form a glassy metal film over a wide range
of compositions. Like metallic nanocomposite materials,
these glassy films provide hardness values in excess of
20 GPa, whilst retaining the (low) elastic moduli of the con-
stituent metallic phases. Current work in this area is direc-
ted towards the introduction of crystalline nanometallic
phases to ‘‘delocalize’’ shear band formation so as to
enhance the H/E ratio [163,164].

By controlling the size and volume fraction of nc phases,
the properties of the nanocomposite coatings can be tai-
lored within a wide range, making a balance between hard-
ness and elastic modulus, to permit a close match to the
elastic modulus of the selected substrate. In such a way, a
high toughness can be attained, which is crucial for appli-
cations under high loading contact and surface fatigue.

3.6. Outstanding issues

The central message of Section 3 is that recent research
has established a group of nc or ns metals that exhibit
extraordinary mechanical properties. They have impressive
strength at least a factor of five higher than their conven-
tional coarse-grained counterparts. Meanwhile, they pos-
sess considerable ductility in tension. The resistance to
fracture, certain fatigue properties, wear resistance, etc.,
are found superior to coarse-grained metals. This is, obvi-
ously, cause for optimism: ultrahigh strength nc/ns metals
are becoming practically useful for structural applications,
if the processing barriers (such as throughput and the pro-
duction cost) can be overcome.

However, there are also many outstanding questions
remaining to be answered. The effective measures devel-
oped so far to improve and optimize mechanical properties
of nc metals have not yet been fully understood. More in-
depth quantitative analyses are clearly needed. What the
findings summarized above do provide are useful ideas
and hints for future developments in this field. These will
lead to ample research opportunities. First, it remains to
be seen how universal the observed effects of sample quality
would be on strength, ductility and fatigue properties. The
same question can be asked about the effects of nanoscale
twins. Second, only a few model fcc metals, notably Cu
and Ni, have been investigated in any detail. Metals of
other crystal structures (e.g. bcc, hcp) have been explored
to a far lesser degree, let alone nc/ns alloys that would be
more useful in engineering applications. Third, several
intriguing responses, different from coarse-grained metals,
such as the stronger strain rate and temperature depen-
dence, the localized deformation modes such as shear
banding [118,165], and the work hardening behavior of
nc materials, require systematic studies to firmly establish
their origins. Fourth, it remains a challenge to synthesize
samples with extremely small and yet uniform grain sizes
on the order a few nanometers to unequivocally establish
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the onset of the inverse H–P relationship and perhaps grain
boundary sliding-mediated superplasticity. Fifth, it is
important to experimentally track the detailed fracture ini-
tiation and growth in bulk nc materials. Sixth, various
ways to improve fatigue properties of nc materials need
to be explored, such as how plastic strength gradient
(caused by modulating grain size distribution) would influ-
ence/benefit fatigue performance, etc. Finally, we point to
the need to fully understand the phenomenon of grain
growth during deformation and how to control it. The pos-
sibility of unstable nanostructures will undoubtedly dis-
courage their practical use.

Clearly, the mechanical behavior observed has to do
with the unusual deformation mechanisms operative in
the nanoscale grains. This is covered in the following
section.

4. Nanocrystalline deformation mechanisms and

mechanisms-based constitutive modeling

As pointed out above, an understanding of the deforma-
tion mechanisms is important for understanding, control-
ling and optimizing the mechanical properties of nc
metals. A number of questions immediately come to mind
when examining the properties achieved in nc metals. For
example, why do we observe the extremely high strength
and a H–P strengthening down to grain sizes on the order
of 10 nm? The concept of dislocation-mediated deforma-
tion has been cited many times in Section 3 within the dis-
cussion of properties. What, then, is the evidence of
dislocation activity inside the grains and in the vicinity of
GBs? If the deformation is indeed controlled by disloca-
tions, what is it that differs from what we already know
happens in coarse grains? In other words, what are the dif-
ferences in the dislocation behavior from the normal mech-
anisms controlled by the intra-grain dislocation sources?
Are the dislocations nucleated at grain boundaries? Is twin-
ning a possible deformation mechanism in nanoscale
grains? How is strain hardening possible in tiny grains
and within their aggregates? How can we effectively miti-
gate localized deformation in nc materials? Why would
the flow stress of nc metals exhibit an obvious strain rate
and temperature dependence? What would the nanoscale
grain size do to the fracture and fatigue properties of nc
materials?

In the following, we present an update of the results
from recent studies aimed at uncovering the deformation
mechanisms and providing some clues to the questions
posed above. We will not attempt to review recent litera-
ture in detail. Instead, we will highlight a few recent
advances in understanding critical issues related to nc
deformation mechanisms. Our emphasis is that it is now
possible to develop mechanisms based constitutive laws
for nc materials to directly compare with experimental
results.

MD simulation results had been very helpful in identify-
ing possible deformation mechanisms. Related MD studies
will be cited throughout the text. However, due to the
length limit of the current overview, the readers are
referred to recent comprehensive discussions and reviews
available in the literature [15,166] and the references cited
therein for a comprehensive understanding on the merits
and limitations of MD studies.

4.1. TEM studies on deformation mechanisms of

nanocrystalline metals

Ex situ TEM observations were made on deformed Ni
specimens with an average grain size of approximately
30 nm [108], following compression, rolling and nanoin-
dentation. Isolated dislocations and evidence of sporadic
dislocation networks within the larger grains were identi-
fied. However, the density of dislocations left in the speci-
mens could not account for the high levels of imposed
plastic strain. For the small nc grains, very few dislocations
were found left inside the grain interior [108]. This lack of
deformation debris is consistent with the findings of an
in situ X-ray diffraction (XRD) experiment: upon loading,
peak broadening was observed for the nc Ni sample, but
the peak broadening was fully recovered upon unloading
[167]. These results point to the absence of dislocation stor-
age after room-temperature deformation. Other TEM
work in many post-deformation nc specimens reached sim-
ilar conclusions [97,168,169]. So where did the dislocations
go if they are the dominant carriers of plasticity? MD sim-
ulations suggest that, after coming out of one side of the
grain and traversing the grain, the dislocations usually dis-
appear into the GBs on the opposing side, such that no
debris is left [15,166]. Moreover, an individual dislocation
that stops in the grain interiors might be expected to relax
into nearby grain boundaries when the stress is removed.
This picture also explains the lack of residual peak broad-
ening in XRD measurements after the load is removed
[167]. Therefore, in order to confirm the existence of dislo-
cation activity during the deformation, it is useful to record
the deformation process as it occurs, by recourse to an
in situ TEM observation.

The first in situ investigation was performed on nc Au
films by Ke et al. [170]. They found evidence of grain rota-
tion, but not for dislocation activity at the 10 nm grain size.
In contrast, at larger grain sizes, e.g. d = 110 nm, signifi-
cant dislocation activity occurred and fracture was trans-
granular. During in situ TEM tensile testing, Hugo et al.
[168] and Kumar et al. [108] obtained evidence for ‘‘perva-
sive dislocation nucleation and motion’’ in nc Ni, in grains
as small as 10 nm, and Youngdahl et al. [171] reported evi-
dence for dislocation pile-ups at grain boundaries in nc Cu
with grain sizes down to 30 nm. The above reports sug-
gested that grain boundary sliding or grain rotation might
also have contributed to the overall plastic deformation,
but no direct evidence, e.g. in the form of imaging of these
mechanisms, were provided in their papers. More recently,
Shan et al. [172] reported an in situ straining TEM obser-
vation of grain rotation in an nc Ni film with an average



Fig. 9. (a) HRTEM micrograph of an nc Ni grain after tensile testing at
liquid nitrogen temperature. A twin boundary is indicated by an arrow. (b)
High magnification of the white-framed region A in (a) showing the details
of the twin. (c) High-magnification view of the white-framed region B in
(a) showing the presence of several full dislocations near the twin
boundary and grain boundary. The Burgers circuits were drawn to identify
Burgers vectors: b1 = 1/2[011] and b2 ¼ 1=2½10�1�. (Figure reprinted with
permission from Applied Physics Letters 2006;88(23):231911. Copyright
2006, American Institute of Physics.)
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grain size of 10 nm. Successive video frames in dark field
TEM mode suggested that plastic deformation of nc Ni is
mediated by grain rotation.

There are problems and uncertainties, however, associ-
ated with the interpretation of the results from these
in situ TEM experiments. First, the rapid changes in dif-
fraction contrast in nc grains, which have been interpreted
as due to dislocation movements upon straining, can arise
from other sources. Second, the Burgers vectors were not
identified for dislocations because of the difficulties associ-
ated with in situ TEM experiments. Third, it must be noted
that in such ultrathin TEM foils the observations are made
in regions with highly non-uniform deformation right at
the tip of an advancing crack. Fourth, in the ultrathin foil
when only a few grains are sitting atop each other, disloca-
tion activities, diffusion processes and changes in the grain
boundary structures may have been enhanced due to inev-
itable free surface effects and the accelerated diffusive
events near the surface under the electron beam. It is thus
questionable if the in situ observations can faithfully repre-
sent bulk deformation behavior of the three-dimensional nc
materials.

Recently, new TEM experiments have been designed to
capture dislocations. This was done by taking high-resolu-
tion pictures during the relaxation of the in situ TEM foil
before unloading, so that dislocations are trapped inside
the grains by the applied stresses [172]. The alternative is
to examine the grains after tensile deformation at liquid
nitrogen temperature. The low temperature for deforma-
tion was employed not only to suppress possible grain
growth assisted by stress during deformation, but also to
retain some of the dislocations for postmortem TEM
examination. Dislocation configurations of several types
have been reported [169]. Since the dislocations are stored
inside the grains only at liquid nitrogen temperature but
not at room temperature, this indicates that the propaga-
tion, or de-pinning, of dislocations is a thermally activated
process, in agreement with MD simulation [128] and XRD
[173] results. The experimental identification of Burgers
vectors and dislocation characters offer proof for the gen-
eral belief that full dislocations do operate during deforma-
tion of the nanograins. A set of high-resolution TEM
(HRTEM) images showing dislocations is shown in Fig. 9.

The formation of deformation twins and stacking faults,
indicating the operation of partial dislocation mediated
processes, has been considered as a contributing deforma-
tion mechanism [174–180]. This is based on recent TEM
observations in Al [175–177], Cu [174], Pd [174,178], Ta
[179] and Ni [180], as well as on analysis of dislocation pro-
cesses as described below. However, almost all of the exper-
imental evidence has been obtained in nc metals that were
subjected to complicated stress states and high stress levels,
such as occurs during indentation [175], grinding [175],
high-pressure torsion [174], high-rate cold rolling
[174,178], ball milling (sometimes with powders immersed
in liquid nitrogen) [176,177] and SMAT [180]. Very
recently, it was observed that the partial-dislocation medi-
ated processes do occur during uniaxial tension, but only
when the tests are carried out at liquid nitrogen tempera-
ture where high flow stresses are involved. Experiments
have been performed on nc Ni, for which little defect accu-
mulation is found at room temperature [169,181]. This is
clear evidence of the dependence of deformation mecha-
nisms not only on the nanocrystalline grain size but also
on deformation conditions such as temperature. Such
information is especially valuable for attempts to construct
deformation maps for nc materials [182], which require a
complete set of information regarding the effects of grain
size, temperature and strain rate, as well as for the develop-
ment of mechanisms based models.

The observation of deformation twins in very fine
grains, where the twinning stress required is expected to
be large (such as under MD simulation conditions [182]),
has generated much interest and debate. It is especially
intriguing that the deformation twins were first observed
in nc metals with high stacking fault energy, such as Al
[175,177,183]. A few ideas and models have been put for-
ward to explain the observations [6,127,175,177,184]. MD
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simulations have emphasized the importance of examining
the generalized planar fault energy curves in understanding
the selection of a particular process (full dislocations vs.
stacking faults vs. twin nucleation) in a particular metal
[185–187].

4.2. Mechanistic understanding of deformation and rate-

controlling mechanisms in nanocrystalline metals

As noted above, when the grain size of polycrystalline
metals decreases from the micrometer scale down to the
nanometer scale there are accompanying transitions in
the mechanisms of inelastic deformation as well as signifi-
cant changes in constitutive properties, including, inter
alia, levels of strength, strain-rate sensitivity and strain
hardening. There is direct experimental evidence for these
transitions (see e.g. [1,81,127,188,189]), theoretical evidence
vis-à-vis and MD simulations of nanocrystalline deforma-
tion [15,166], as well as suspicions that arise from what is
known about the mechanisms of plastic deformation in
crystalline metals. For example, in fcc metals with grain
sizes in the micron and larger size range, plastic deforma-
tion occurs via the generation and motion of intragranular
slip, i.e. dislocation motion. This process is evidently diffi-
cult at grain sizes well into the submicron range. This is
readily understood by simply noting that the crystallo-
graphic shear stresses required to generate and move dislo-
cation segments that exist within the well characterized
networks which evolve during plastic flow are on the order
of Gb/‘, where G is the shear modulus, b the magnitude of
the Burgers vector and ‘ the segment length. However, if
dislocations are to be confined to the intragranular space,
which might be taken as the definition of a grain, then ‘
must be less than the grain diameter, d. In fact, simulations
of the operation of Frank–Read sources would suggest
‘ < d/4 � d/3 (see e.g. [190]). This would lead to the conclu-
sion that s/G P (3 � 4)(b/d). For pure Ni, since
G � 82 GPa, then if d � 1 lm, s P 82 MPa, which is rea-
sonable. If, however, d � 30 nm then s � 3280 MPa, which
is too large by at least a factor of nearly 3! This alone is an
indication that dislocation nucleation in nanoscale grains
may have to be assisted by grain boundary sources.

Insight into the operative flow process, dislocation or
otherwise, can be gained through an examination of the
characteristic deformation kinetics parameters extracted
from macroscopic mechanical tests. For thermally acti-
vated plastic flow, the shear deformation rate in fcc metals
is expressed as

_c ¼ _c0 exp �DGðs�eÞ
kT

� �
¼ _c0 exp

�DF þ s�eDV �

kT

� �
ð3Þ

where k is the Boltzmann constant and T is the tempera-
ture. _c0 is a pre-exponential constant or a characteristic
strain rate at a given grain size d, DG is the Gibbs free en-
ergy of activation for the stress-assisted, thermally acti-
vated flow process, and DF and DV* are the Helmholtz
free energy (activation energy) for overcoming obstacles
to dislocation motion and the activation volume, respec-
tively. In overcoming obstacles, free energy may be stored
temporarily (e.g. by increased dislocation length) or perma-
nently (e.g. by the creation of jogs after intersection). Pro-
cesses of the former kind can be thermally activated, while
the latter processes cannot. Consequently, the macroscopic
shear stress may be divided in an athermal part, connected
to structure, and a thermal part. Decisive for the athermal
stress is whether it is of long-range nature, in which case it
cannot be overcome by thermal activation. Consequently,
under the influence of an external applied stress an effective
stress (i.e. the applied stress corrected for the structural
part) is available to move a dislocation across a barrier.
The principal short-range barrier, the Peierls–Nabarro
stress, is important for ufc/mc bcc metals, whereas in ufc/
mc fcc and hcp metals, forest dislocations are the primary
short-range barriers at lower temperatures. DG is a decreas-
ing function of the effective shear stress s�e , as the activation
barrier is lowered by the work done by the effective stress,
s�eDV �. DV � ¼ �ðoDG=os�eÞT and s�e is the thermal compo-
nent of the total stress, s, i.e. s�e accounts for the stress
needed to overcome the short-range barrier responsible
for the temperature and strain-rate dependence, aside from
the athermal contribution, sl.

We next examine implications of Coble creep as the rate-
controlling deformation process. In this case, the strain
rate would be proportional to the stress and corresponds
to the following scenario: in Eq. (3) deformation occurs
at a relatively low stress and a high homologous tempera-
ture, such that the exponential stress activation term is
small and the exponential becomes approximately linear
in stress [191]. However, this assumption is not valid for
the nc metals deformed at low homologous temperatures
and ordinary strain rates, where at room temperature the
stress term is of the order of 0.4 eV [120], much larger than
kT. Therefore, the exponential dependence in Eq. (3)
remains. In Section 3 we have shown that for nc Cu and
Ni m < 0.06, which is more than a factor of 10 smaller than
the value expected for the grain boundary diffusion medi-
ated diffusional creep (where m would be on the order of
unity). For diffusional creep the expected activation vol-
ume DV* is of the order of atomic volume, i.e. b3. But
the activation volume determined from the recent strain
rate change tests for nc Ni [120,137,192] and nc Cu
[53,100] is more like 10–20b3. Grain boundary sliding
mechanisms likewise entail m (� 0.5) and DV* (�b3) values
that are inconsistent with experimental findings. Therefore
such GB mechanisms are unlikely to dominate in the tensile
deformation of nc metals with the grain size range in the
current experimental samples. This assertion is consistent
with the observation noted in Section 3 that the H–P
strengthening relationship apparently holds for these grain
sizes. Note that this discussion is not meant to imply that
the GB diffusion-related mechanisms are absent. In fact,
they may be, and should be, contributing to the plastic
strain. Our argument is that they are not yet playing the
dominant role to account for the bulk deformation rate,
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until perhaps much smaller grain sizes of the order of a few
nanometers. It must also be recalled that in most of the
materials tested to date there existed grain size distribu-
tions that entailed significant volume fractions of grains
whose sizes were very much larger than would be expected
to display dominant deformation mechanisms such as dif-
fusional creep or grain boundary sliding. For this reason
as well, it is expected that such mechanisms were not
dominant.

As indicated above, the activation volume, measured
from strain rate change tests provides a signature of the
dislocation mechanism. For nc Ni, a stress relaxation test
can also be used to deduce an apparent activation volume
of 20b3 [120]. The physically effective or true activation vol-
ume has been obtained from repeated stress relaxation tests
[120], yielding a DV* value of 10b3. Activation volumes of
similar magnitude have been measured in nc Ni [119,137]
and nc Cu [53,77]. It should be realized that strain rate
change tests and stress relaxation tests may provide some-
what different answers for the activation volume. In partic-
ular, a stress relaxation test better approaches the
boundary conditions of Eq. (2), i.e. a constant obstacle
structure, than a strain-rate change test.

Three likely scenarios have been discussed to explain
the small activation volume, relative to the hundreds or
even thousands of b3 known for the forest-dislocation cut-
ting mechanisms of conventional fcc metals [120]. The
rate-limiting thermally activated mechanism can be the
punching of a mobile dislocation through a dense bundle
of (excess) grain boundary dislocations, such as the case
of nc metals prepared using severe plastic deformation
where large numbers of excess dislocations reside in the
vicinity of the so-called non-equilibrium GBs. For other
types of nc metals, the small activation volume is more
likely associated with the critical size of a dislocation
emitted from a GB (i.e. a defect-assisted dislocation nucle-
ation mechanism [127]), or the local volume involved in
the de-pinning of a propagating dislocation [128] that is
pinned by (impurity decorated) grain boundaries, at an
obstacle such as grain boundary ledges. These are unusual
activated processes in the sense that they are insignificant
for coarse-grained metals where intragrain dislocations
abound and dominate plastic deformation. The disloca-
tion–grain boundary interaction-mediated mechanisms
become increasingly important with decreasing grain size,
and dominant in nc metals. This is because in nc metals
the extremely small grain sizes make it difficult for intra-
grain dislocation sources to operate and leave little room
for cross slip, but offer a high density of nonequilibrium
grain boundaries, grain boundary dislocation sources
and pinning sites.

Recent model analyses [120,127,137] indicate that, due
to the small volumes involved in the process of dislocations
leaving/escaping from boundaries, the activation volume
would be much smaller than those associated with the
conventional mechanisms of forest dislocation intersec-
tion in the lattice; this in turn would be associated with a
correspondingly elevated strain-rate sensitivity. For exam-
ple, when one views the process as ‘‘either dislocation
nucleation or de-pinning from the boundary during its
propagation’’ [127,128], the process would entail an activa-
tion length that is a fraction of that of the edge of a grain.
The difficulties associated with ‘‘dislocation escaping’’ from
these boundaries would lead to a higher activation energy,
as well as a stronger temperature dependence of the
strength. In other words, the relatively loose and weak bar-
riers in normal fcc lattices are now replaced by harder
obstacles concentrated at the boundaries. We will examine
the case of dislocation emission from grain boundary in
more detail below.
4.2.1. Perfect and partial dislocation emission

Fig. 10a illustrates a process of emission of a dislocation
from a grain boundary into the interior of a grain [6,127].
Note that the figure describes details associated with the
emission of a partial dislocation, but it can also be used
to explain the result of the emission of a perfect dislocation.
As explained by Asaro et al. [6], as the segment is emitted
into the grain it creates two trailing segments in the ‘‘side
grain boundaries’’, and, in the case of a partial dislocation,
a stacking fault within the grain. The energy (per unit
length) of these segments is taken as 1/2Gb2 for the perfect
dislocation and 1/6Gb2 for the partial dislocation. The
explanation for the latter value lies simply in the fact that,
for a Shockley partial dislocation in a fcc crystal, the mag-
nitude of the Burgers vector is bpartial = 1/

p
3bperfect. As evi-

dent, b = bperfect is the magnitude of the perfect Burgers
vector. Now in the case of the emission of a perfect dislo-
cation, the minimum required resolved shear stress is that
required to perform the work of creating the two residual
segments in the side boundaries, or sbddx = 2(1/2)Gb2dx.
This leads to the remarkably simple result, s/G = (b/d).
The d�1 scaling of stress level derives simply from the fact
that the area over which work can be performed by the
applied shear stress itself scales with d for a given dx. It
is, additionally, typical for such micromechanical models
to forecast strength levels that scale as d�1 rather than as
d�1/2. Moreover, as noted in Refs. [6,127], this leads to
forecasted shear stresses that are too high for grain sizes
less than, 20–30 nm for typical fcc metals for which data
exist.

For the case of the emission of a partial dislocation,
there is a reduced requirement for work associated with
the residual segments in the side boundaries (owing to their
lesser energy per unit length), but now an additional
requirement to create a stacking fault with an energy C
per unit area. The analysis of Asaro et al. [6] is not repeated
here, but the result for the emission criterion is:

fðsms=GÞbð1Þs =jbj þ ðsmz=GÞbð1Þz =jbjg ¼ ða� 1Þ
a

eC þ 1

3
ðb=dÞ

ð4Þ

where a ” d/deq and eC � C=Gb. Thus if we define
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Fig. 10. (a) Emission of a perfect or partial dislocation from an existing dislocation at a grain boundary. As the leading partial dislocation enters the grain
it produces partial segments along the side boundaries. (Figure taken from Ref. [127].) (b) A nanocrystalline aggregate model including dislocation and
grain boundary sliding mechanisms of deformation. Note the zones of grain boundary shearing (or sliding) shown in red as well as intra-crystalline
mechanisms as described in (a). (Figure taken from Ref. [92].)
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sðaÞ � smsb
ð1Þ
s =jbj þ smzb

ð1Þ
z =jbj ð5Þ

we obtain

sðaÞ=G � 1

3
ðb=dÞ þ ða� 1Þ

a
eC ð6Þ

which is Asaro et al.’s Eq. (7) [6]. We also recall that deq is
defined as the equilibrium spacing of Shockley partials in
the absence of applied stress and is given as

deq ¼
1

12p
ðGb2Þ=C ð7Þ

The coordinate system of the dislocation’s slip system is
such that m is the unit normal to the slip plane, s is unit
vector along the direction of the perfect Burgers vector,
b, and z is the third of a right-handed unit triad and lies
in the slip plane as well.

Some numerical predictions of critical resolved shear
stress from Eqs. (6) and (7) for four FCC metals are listed
in Table 1 [127].

Note that the combination of a relatively high stack-
ing fault energy and modulus for Ni results in a pre-
dicted high strength level. On the other hand, the
strength level for Pd, which has a high stacking fault
energy, is similarly predicted to be relatively high,
Table 1
Typical results of critical resolved shear stress generated from Eqs. (6) and (7

d (nm) 50 30 20

Cu 211 MPa 248 MPa 291 M
Ni 960 MPa 1027 MPa 1115 M
Ag 125 MPa 158 MPa 198 M
Pd 719 MPa 763 MPa 820 M
especially as compared with Cu, which has a shear mod-
ulus comparable to that of Pd but a lesser value for C.
Ag is clearly predicted to show the lowest strength,
which, although not surprising, should be appreciated
as suggesting that nanostructuring will not lead to terri-
bly high strengths. Note that, for Ag, deq � 3.4 nm, and
thus when d � 10 nm little is to be gained from further
reductions in grain size.

Fig. 10b puts the nanoscale mechanisms such as just
described in the perspective of nanocrystalline aggregate
response. Models for nc aggregates are discussed below
in Section 4.2.3.

4.2.2. Nucleation of dislocations and twins at boundaries

The observed sensitivity to strain rate in nanocrystalline
metals has been explained by Asaro and Suresh [127] in
terms of the expected small activation volumes that are
anticipated from models for the nucleation of defects such
as partial or perfect dislocations at grain boundaries. Sev-
eral types of mechanisms were considered including the
emission of extended partial segments and dislocation
loops from the sites of stress concentration. The possibility
of sliding grain boundary facets was considered in detail, as
illustrated in Fig. 10.
)

10 deq C/(Gb)

Pa 421 MPa 1.6 nm 1/250
Pa 1381 MPa 0.5 nm 1/100
Pa 321 MPa 3.4 nm 1/447
Pa 988 MPa 0.54 nm 1/75
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What was predicted, in particular, from models such as
that shown in Fig. 11b was that the activation radii of
nucleating loops, at applied shear stress levels approaching
the athermal stress, are expected to be on the order of

rc � ð1þ 5bCeþ 1

2
½5bCe�2 þ :::Þer0 ð8Þ

where bC ¼ C=Gb1 is a reduced stacking fault energy.
Some numerical examples follow. Since 1=500 6eC 6 1=100 for a wide range of fcc metals (see, e.g. Table
1), we find that rc � eb1 or rc � (e/

p
3)b. This suggests,

while momentarily ignoring the effect of bC, an activation
volume on the order of DV � � 1

6
pe2 b3 � pb3. To assess

the effect of stacking fault energy, recall that bC ¼ ffiffiffi
3
p eC.

For Ni, for example, the result in Eq. (8) leads to the esti-
mate DV* � 5.3b3. At corresponding values of applied
shear stress below that which exists at this state, the acti-
vation area will be larger, but nonetheless such small acti-
vation volumes are consistent with the high strain-rate
sensitivity evident in the data. In particular, activation
volumes of the order 5 � 10b3 are readily rationalized
by the mechanisms we suggest here.

4.2.3. Aggregate models

Experimental techniques available for the full character-
ization of structure at the nanoscale have been primarily
based on TEM and XRD, from which the average grain
size and grain size distributions can be estimated, subject
to statistical uncertainty that we specifically address here.
For grain size distributions, the numbers of grains of vari-
ous diameters in nanocrystalline materials can usually be
well represented by a log-normal distribution function

P ðDÞ ¼ 1

ð2pÞ1=2Dr
exp � 1

2

lnðD=D0Þ
r

� �2
" #

ð9Þ

where the symbol D is used for the grain diameter and D0

and r are constant parameters describing the median and
shape parameters (i.e. the standard deviation of lnD) of
the distribution respectively and

R1
0

P ðDÞdD ¼ 1. The
arithmetic mean size �D can be calculated [193] as
b

r

(1)

b
(1)

b
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τ
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a

Fig. 11. (a) A model for partial dislocation emission from a grain boundary th
applied stress, s, and an anti-plane Mode III shear stress, �s. (b) Nucleation of
facet. (Figure taken from Ref. [127].)
D ¼ D0 exp
1

2
r2

� �
ð10Þ

It is important, however, to realize that within typical
grain size distributions it is the members of the larger group
of grain size that dominate the volume fraction and thus
the overall response of the aggregate. The aggregate model
of Zhu et al. [92,93] was, in fact, specifically developed to
account for this. Their model is a physically based, finite
strain, crystal plasticity theory and envisions that grain
interiors can deform by the mechanisms of perfect or par-
tial dislocation emission from grain boundaries or by grain
boundary sliding. For example, as caused by the emission
of partial dislocations, the law governing the slip rate in
a nanocrystalline grain is phrased as

_cðaÞ ¼ _c0
sðaÞ=G�~aeC

gðaÞ

� �1=m

if sðaÞ=G� ~aeC > 0

0 otherwise

8><>: ð11Þ

and a similar relation based on the Asaro et al. [6] model is
applied, in parallel, to describe slip via perfect dislocation
emission. Here ~a ¼ ða� 1Þ=a. Thus both perfect and par-
tial dislocations are emitted simultaneously based on a con-
sistent set of criteria.

For grain boundary sliding, the phenomenological rate
law proposed by Conrad and Narayan [194], viz.

_c ¼ 6btD

d
sinhðv�s=kT Þ expð�DF =RT Þ ð12Þ

was used as an effective plastic strain rate within the frame-
work of a J2-flow theory of plasticity.

Simulations were carried out by Zhu et al. [92] for com-
mon fcc metals that at least limited data were available for.
For example, simulations were performed for electrodepos-
ited Ni for which the grain size distributions were docu-
mented [104]. For such materials, the average grain size
was in the range 20–25 nm. Results are shown for predicted
uniaxial tension at 20 �C in Fig. 12. Experimental results
for Ni with an average grain size of 23 nm is superposed
on the predicted curves calculated at the three strain rates
indicated. The computed strain rate sensitivity is in agree-
nucleating
   loop

rτ

slipping
grain facet

b

at acts in a crack-like manner. The crack is loaded via an in-plane Mode II
a partial dislocation loop at the front of a freely slipping grain boundary
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ment both with what was shown in Fig. 6b and with respect
to the predictions of the Asaro and Suresh [127] models dis-
cussed briefly above. Fig. 12b shows the computed contri-
bution of each of the three mechanisms to the overall
deformation. It should be noted that, for what turns out
to be a quite typical grain size distribution, contributions
from either grain boundary sliding or partial dislocation
emission are minimal. In fact, it would be judged to be
improbable that experimental attempts to observe the
appearance of defects, such as stacking faults or deforma-
tion twins, would be successful, or at any rate definitive, in
such materials since the occurrence of such defects would
be confined to only the smaller grains and thus present in
a small volume fraction of material. It may well be that,
due to the dominance of the larger grains in the overall
deformation, the aggregate’s strength scales closer to d�1/2

rather than to the d�1 as characteristic of nanoscale models
for dislocation emission.

A recent study on fcc nc metals by Wei et al. [195] pro-
posed a rate-dependent amorphous plasticity GB model
which accounts for cavitation and related failure phenom-
ena in nc GBs, in conjunction with a crystal plasticity
model that is used for the grain interiors. Their simulation
results on nc Ni show a transition in deformation mecha-
nism from grain-interior shearing to grain-boundary shear-
ing, as the average grain size decreases from 50 to 10 nm.
Low ductility of nc Ni was suggested to be the result of
intergranular failure due to grain-boundary shearing and
the resulting cavitation at triple-junctions and other high
stress points in the microstructure.

Recent atomistic modeling, in addition to the MD mod-
eling already mentioned, has begun to shed new light on
processes such as grain boundary sliding [196–198]. To
date, such modeling as in Sansoz and Molinari [196,197]
has demonstrated that, for simple tilt boundaries, sliding
is possible at shear stress levels achievable in nc fcc metals.
Additional studies of this type, and those that account for
finite temperatures, are needed to acquire a more complete
understanding of the possible contributions of even local
grain boundary sliding and its possible role in defect initi-
ation at grain boundaries.

4.2.4. Stress-induced grain coarsening in Cu

As noted by Zhang et al. [84,85], the large excess energy
associated with grain boundaries in nanocrystalline metals
is expected to cause instability in their nc grain size distri-
butions. Indeed, recent experiments [84,85] on indentation
creep in high purity nanocrystalline Cu have shown that
the hardness drops rapidly as the dwell time of the indenter
in the sample increases. Grain growth was observed in
these cases and undoubtedly was a primary cause of the
decrease in hardness. By accounting for the effects of grain
growth, Zhu et al. [93] were able to closely describe the
decrease in hardness vs. indenter dwell time using their
aggregate model presented above. Since the structure of
the plastic zone was not then known, Zhu et al. [93]
assumed that the volume fraction of the zone where grain
growth occurred increased with the logarithm of time. This
assumption was based on Zhang et al.’s observations of the
decrease in hardness with time. The hardness was deter-
mined by the response of the zone of high stress or the plas-
tic zone beneath the indenter. It is assumed that, with
increasing dwell time, the grain growth zone spread and
eventually occupied the entire plastic zone. Estimates indi-
cated that the time it took for this was well over the 1800 s
that was the largest time followed by Zhang et al. [84,85].
For simplicity, then, Zhu et al. [93] assumed that the vol-
ume fraction of the grain growth zone, with respect to
the plastic zone, increased linearly from 0% to 100% in a
time tf. They assumed the properties of the material to be
a simple average of those of the original distribution and
those associated with the grown grain size distribution,
i.e. if R is the volume fraction of the grain growth zone
with respect to the plastic zone, then the properties were
computed as R�Pgrown þ ð1�RÞ �Poriginal where Pgrown

and Poriginal figuratively represent the constitutive proper-
ties of material with the respective coarsened and original
grain size distributions. Hardness was estimated by first
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simulating the ultimate strength in uniaxial tension and
assuming the hardness to be equal to 3rultimate.

What was found, in fact, was that the process of grain
growth and hardness decrease did not saturate, even after
the longest dwell times applied by Zhang et al. [84,85].

Fig. 13 shows results for the predicted hardness decrease
with time based on a wide range of assumed values for tf

such that 2 · 103 s 6 tf 6 108 s; also shown are Zhang
et al.’s data [85]. What is clear is that as long as tf P 104 s
the agreement between prediction and experimental mea-
surement is good. Thus, what is unknown, but of vital
importance, is at what times the grain growth process
would saturate and how far the hardness would decrease.
A corollary to this would be the question: is there a critical
grain size distribution (shifted to larger grain sizes) that
would be stable? Thus, despite the consistency between
simulations of Zhu et al. [93] and the observations of
Zhang et al. [84,85], it is clear that far more remains to
be understood about the critical process of stress-induced
grain growth.

Other such models that have explicitly identified grain
size distribution as being of primary importance are those
of Morita et al. [199]. These have also described grain size
distributions within the framework of log-normal distribu-
tions and revealed the importance of rigorously accounting
for it. In particular, Morita et al. [199] note that in typical
grain size distributions the smallest grains are likely to con-
tribute little to the overall aggregate response, an observa-
tion reconfirmed by our analysis herein. The data of
Ebrahimi et al. [200,201], especially as they are interpreted
based on an assessment of non-deforming vs. deforming
grains, also demonstrate the importance of size distribution
even at fixed average grain size.

The phenomenon of grain growth in nc metals is of fun-
damental importance for a number of reasons, including
(1) the significant effect the process has on diminishing
the enhanced mechanical properties; and (2) the process
being clearly related to the most basic underpinnings of
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deformation mechanisms in nc metals. The phenomenon
occurs not just in metals with grain sizes less than, say,
20 nm, but in metals with grain sizes in the 50–60 nm size
range as well (see e.g. [88]). No model yet exists for the pro-
cess and the overall phenomenology is only beginning to be
uncovered. Preliminary micromechanical models for nc
grain migration have been proposed (e.g. [202]), and these,
along with those likely to follow, will be helpful in suggest-
ing the way to understanding the operative mechanisms.
For simple tilt boundaries, for example, Gutkin and
Ovid’ko [202] developed a micromechanics based criteria
for a critical shear stress, scr, for boundary motion, viz.

scr

G
� x

2pð1� mÞ
b
d

ln
d
b

� �
; b < d ð13Þ

where x is the tilt angle. The result is interesting in that, for
tilt angles in the range 5� 6 x 6 30� and for grain sizes in
the range 10 nm 6 d 6 30 nm, scr is found to be in the
range 20–300 MPa, well in the prevailing range of stress
levels for many fcc metals with grain sizes in that range.
A full understanding of grain boundary mobility and grain
growth, however, will await more detailed experiment and
detailed atomistic modeling. Atomistic modeling will have
to include a nonisothermal response and gradually ap-
proach realistic stress and strain rate levels.

4.2.5. Deformation in presence of nanoscale growth twins

A comprehensive computational analysis of the defor-
mation of ultrafine crystalline pure copper with nanoscale
growth twins was recently carried out [78]. This physically
motivated crystal plasticity model benefited from earlier
experimental studies, in particular post-deformation TEM
investigations of dislocation structures in the Cu containing
high densities of nanoscale growth twins [25,76,78]. The
post-tensile TEM microstructure observations suggest that
the interaction of dislocations with TBs plays a crucial role
in the plastic deformation for the nt-Cu. Abundant disloca-
tion debris is seen in the vicinity of TBs/GBs in nt-Cu-fine,
as shown in Ref. [76]. Compared with the relatively defect-
free microstructure of as-deposited nt-Cu-fine, the typical
structure of the deformed specimen is populated with a high
density of dislocations [25,76,78]. TBs with copious disloca-
tions and debris are not as clear, sharp and straight as the
original coherent TBs in the as-deposited condition,
whereas stepped (the arrows in Fig. 14a) or even curved
TBs (see the white rectangle A in Fig. 14a) are frequently
seen. It is clearly observed that in Fig. 14a, within a few
nanometers of the TBs, the crystal lattice is often elastically
strained due to the high density of the dislocation debris
accumulated along the TBs during deformation. An
HRTEM observation (Fig. 14b) shows that a high density
of dislocation debris, identified as Shockley partial disloca-
tions, is deposited along TBs in nt-Cu-fine [25,76,78].

TEM observations suggest that most of the plastic strain
is carried by the dislocations piling up along the TBs, which
results in shear strain accumulation at the TBs. TBs are
likely to take on much more strain than the internal volume
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residing beyond a few nanometers away from the TBs. The
steps observed in the deformed TBs [25,76,78] indicate that
dislocations can also propagate across initially coherent
TBs, as discussed by Mahajan and Chin [203] and Chris-
tian and Mahajan [204] and indicated via MD simulations
by Jin et al. [186]. Screw dislocations interacting with twin
boundaries and closely related grain-boundaries were ana-
lyzed earlier by Pestman et al. [187]. It was found that
transmission occurred at a minimum of three times the fric-
tion stress, indicating that the TB is an obstacle to disloca-
tion motion. It was also found that there exists an
attractive force between the TB and a (partial) dislocation
core. This can be explained by considering that the disloca-
tion lowers the energy of its core in various ways by merg-
ing in the TB. In the case of TB absorption of the partial
dislocation core in the boundary plane, it was observed
in the atomistic calculations as the minimum energy config-
uration [187]. More recently, Dewald and Curtin [205] car-
ried out a coupled atomistic/discrete-dislocation multiscale
methodology to study screw dislocations interacting with
R3, R11 and R9 symmetric tilt boundaries in Al. The
low-energy R3 boundary absorbs lattice dislocations and
generate extrinsic grain boundary dislocations (GBDs).
As multiple screw dislocations impinge on the GB, GBDs
pile up along the GB and provide a back stress that
requires increasing applied load to push the lattice disloca-
tions into the GB. Interestingly, dislocation transmission is
hardly observed, even with large GBD pile-ups near the
dislocation/GB intersection. The interactions of dissociated
lattice dislocations with a near R3 grain boundary in
copper was investigated by TEM using the weak-beam
technique [206]. These observations support the aforemen-
tioned theoretical findings, namely that Shockley partials
are required to recombine when entering the GB to form
an absorbed perfect lattice dislocation. Complex reactions
between the resulting displacement shift complete disloca-
tions after absorption yield further stress relaxation.

Motivated by the TEM and MD observations, a twin
boundary affected zone (TBAZ) model was proposed
[78], where each TB is considered as a special GB with a
high aspect ratio in terms of the grain shape and mirrored
slip geometries between adjacent twin lamellae. The so-
called TBAZ refers to the region adjoining the twin bound-
aries where the crystalline lattice is elastically strained
although no obvious lattice defects may be observed prior
to plastic deformation. The following assumptions were
made [78] with respect to the TBAZ model (see Fig. 14c):
(1) a TBAZ within the nanoscale twin lamellae spans on
the order of about 7–10 lattice parameters away from the
TB, which is on the same order as a grain boundary
affected zone (GBAZ) (see [3,103] for detailed discussions
regarding GBAZ); (2) the TBAZ is considered plastically
softer than the predominantly elastic crystal interior region
between TBAZs at the nanoscale; (3) there is a significant
plastic anisotropy between the shear deformation parallel
to the TBs and the shear deformation transverse to the
TBs; and (4) the TBAZ deforms with a relatively larger rate
sensitivity than the crystal interior region, due to locally
concentrated dislocation activities with a small activation
volume.
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Fig. 14d schematically shows a simple strain-based fail-
ure/damage model for nt-Cu samples, where the local duc-
tility is directly proportional to the twin density. Fig. 15
shows the simulation results of the model. This model cor-
rectly predicts the experimentally observed trends (see
Fig. 2a) of the effects of twin density on flow strength, rate
sensitivity of plastic flow and ductility, in addition to
matching many of the quantitative details of plastic defor-
mation reasonably well [78].

The computational simulations provide critical mecha-
nistic insights into why the metal with nanoscale twins
can provide the same level of yield strength, hardness and
strain-rate sensitivity as a nanostructured counterpart
without twins (but of grain size comparable to the twin
spacing of the nano-twinned Cu). The analysis also offers
some useful understanding of why the nano-twinned Cu
with high strength does not lead to diminished ductility
with structural refinement involving twins. A very recent
atomistic model on nt-Cu by Zhu et al. [207] showed that
the TB-mediated slip transfer reactions are the rate-con-
trolling mechanisms of plastic deformation. The predicted
activation volume and rate-sensitivity exponent were found
to be comparable to the experimentally measured values
[207]. The atomistic reaction pathway simulations were
obtained at realistic strain rates using an improved version
of the climbing image nudged elastic band method origi-
nally proposed in Ref. [208]. The simulation results [207]
suggested that the relatively high ductility of nt-Cu is clo-
sely related to the hardening of twin boundaries as they
gradually lose coherency during plastic deformation.

4.2.6. Future opportunities

The central message of Section 4 is that, with recent
advances in experimental studies (especially HRTEM
investigations on microstructure) and MD simulations,
the deformation mechanisms and their relative importance
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during plastic deformation of nc/ns materials are being
identified. For nc materials with an average and entire
range of grain size between 10 and 100 nm, the deforma-
tion mechanism relative to intra-grain Frank–Read sources
and forest dislocation hardening, which is prevalent in con-
ventional mc materials, no longer operates effectively. Par-
tial (or perfect) dislocation mediated processes interacting
with GBs become dominant, while only a small amount
of plasticity may be accumulated through grain boundary
sliding/shearing processes. Based on these new advances,
mechanistic analytical models and quantitative and mecha-
nisms based constitutive continuum computations that can
realistically capture experimentally measured and grain-
size-dependent stress–strain behavior, strain-rate sensitivity
and even ductility limit began to emerge.

There are still many outstanding questions remain to be
investigated. First, it is important to verify that the in situ
or ex situ TEM observations are truly bulk processes in nc
materials. Second, MD simulations to understand detailed
deformation processes are needed for ns materials with
nanoscale twins. Third, detailed mechanics-based fracture
and fatigue models for nc materials similar to those widely
used in mc materials and engineering practices are still
essentially undeveloped. Fourth, it remains a challenge to
develop mechanisms-based models that can capture
detailed grain boundary characteristics (different GB
angles, pre-existing defects, interstitial foreign atoms,
etc.). Fifth, a quantitative constitutive description of the
deformation twinning in nc materials is still missing. Sixth,
more definitive and rigorous models for the dynamic grain
growth during deformation are needed. Seventh, constitu-
tive models that can quantitatively guide the experiments
for mechanical property optimization should be developed.
In this overview the role of triple junctions in nc materials
and the collective behavior of grains was not highlighted.
For a description of effects of triple junctions, reference is
made to a recent review [209].

Clearly, future research opportunities abound albeit are
quite challenging.

5. Summary and concluding remarks

We have outlined recent progresses made in a number
of areas related to the mechanical properties of nc/ns
materials, including strength, ductility, strain rate and
temperature dependence, fatigue and tribological proper-
ties, and related efforts to quantitatively and mechanisti-
cally understand the underlying deformation mechanisms.
Our focus has been on pure fcc nc metals, where the
most systematic experimental data are available. We have
highlighted some of the most recent experimental results
and mechanisms-based quantitative analyses without,
due to space limitations, giving a detailed account of
all developments in this field. The highlighted examples
include the recent experimental studies in obtaining both
high strength and considerable ductility, the compromise
between enhanced fatigue limit and reduced crack growth
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resistance, the stress-assisted dynamic grain growth dur-
ing deformation, and the relation between rate sensitivity
and possible deformation mechanisms. Recent develop-
ments in obtaining a quantitative and mechanics-based
understanding of nc/ns mechanical properties are dis-
cussed, with particular emphasis on the mechanistic mod-
els of partial/perfect-dislocation or deformation-twin
mediated processes interacting with grain boundaries,
constitutive modeling and simulations of grain size distri-
bution and dynamic grain growth in nc materials, and
physically motivated crystal plasticity modeling of pure
Cu with nanoscale twins.

These recent progresses have, on the one hand, pointed
to promising routes to optimize mechanical properties, and
on the other, presented new challenges to the understand-
ing of intrinsic nc behaviors that require further investiga-
tions. A number of outstanding issues and possible future
research directions are listed and proposed in respective
sections. All these opportunities and efforts have brought,
and will continue to bring, a more quantitative and mech-
anisms-based understanding of the mechanical behavior of
nc materials.
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