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Abstract

This paper describes mechanistic models that seek to rationalize experimentally determined low values for the activation volume

associated with the high strain rate sensitivity of nanocrystalline metals. We present models for the emission of partial or perfect

dislocations from stress concentrations at a grain boundary or twin boundary. The emission of deformation twins is likewise exam-

ined as a competing mechanism to perfect dislocation emission. The approach illustrates the important roles of both the intrinsic

stacking fault energy and the unstable stacking energy. We find that the models lead to estimates of activation volumes in the range

3 � 10b3 for truly nanocrystalline metals. Activation volumes are found to increase monotonically with increasing grain size. The

findings are found to be in accord with available experimental evidence in both a quantitative and qualitative manner. Deficiencies in

the available experimental evidence are noted, specifically in the context of explaining some of the difficulties in comparing theoret-

ical predictions to experimental observation.

� 2005 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction and overview

It has been recognized for several decades that metals

and alloys with grain dimensions smaller than 100 nm

(so-called nanostructured or nanocrystalline metals

and alloys) generally exhibit substantially higher

strength than their microcrystalline counterparts with

grain dimensions typically larger than, say, 1 lm (e.g.

[1–4]). Moreover, there is mounting experimental evi-

dence from recent investigations which point to the fol-
lowing additional mechanical characteristics of

nanostructured metals.
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� The plastic deformation characteristics of nanocrys-

talline face-centered-cubic (fcc) metals are much more
sensitive to the rate of loading than those of micro-

crystalline fcc metals. The strain-rate sensitivity

index, defined below, is an order of magnitude higher

for metals with nanocrystalline structures [5–11].

� The activation volume, which is broadly defined as

the rate of decrease of activation enthalpy with

respect to flow stress at fixed temperature and which

influences the rate-controlling mechanisms in the
plastic deformation of engineering metals and alloys,

is some two orders of magnitude smaller for nano-

crystalline metals than for microcrystalline metals

[10,11].

� The abundance of grain boundaries providing obsta-

cles to dislocation motion during plastic deformation

generally leads to enhanced strength in nanocrystalline
ll rights reserved.
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Fig. 1. A plot of the yield stress as a function of inverse square root

grain size from experimental data obtained on nano-, ultrafine- and

micro-crystalline pure Cu. Also indicated in the figure are data

(denoted by red star symbols with scatter range) for Cu with controlled

growth twins for which the twin width l is plotted in place of the grain

size d. The different color symbols denote data from different sources

[11,12,15–22].

Fig. 2. Variation of hardness as a function of grain size (top abscissa

axis) or inverse square root grain size (bottom abscissa axis) for

polycrystalline Ni with grain size from nano-, ultrafine- and micro-

crystalline regimes from several investigators [7–9,17,23–28], indicated

by the blue-colored data points. The red points with scatter ranges

3370 R.J. Asaro, S. Suresh / Acta Materialia 53 (2005) 3369–3382
metals. However, twin boundaries (which are special

kinds of coherent internal interfaces) are also known

to obstruct dislocation motion. Recent experiments

show that the introduction of nano-scale twins within

ultrafine crystalline metals, with average and range of

grain size within the 100 nm to 1 lm regime, leads to
significant increases in flow stress and hardness

[11,12]. The extent of such strengthening is compara-

ble to that achievable by nanocrystalline grain

refinement.1

� The incorporation of nano-scale twins during the

processing of metals with ultrafine grains is also

known to increase the loading rate sensitivity by

almost an order of magnitude and decrease the acti-
vation volume by two orders of magnitude as com-

pared to the values observed in microcrystalline

metals [11].

Thermally activated mechanisms contributing to

plastic deformation processes in metals and alloys are

often quantitatively interpreted by examining the rate

sensitivity index, m, and activation volume, t. The
non-dimensional strain-rate sensitivity index is defined

as [13,9]

m ¼
ffiffiffi
3

p
kT

tr
¼ 3

ffiffiffi
3

p
kT

tH
; ð1Þ

where k is the Boltzmann constant, T the absolute tem-

perature, r the uniaxial flow stress, H the hardness

(which is generally assumed to be three times the flow
stress), and

t ¼
ffiffiffi
3

p
kT

o ln _�

or

� �
; ð2Þ

where _� is the strain rate as measured in uniaxial tension

for instance. (See, for instance, Krausz and Eyring [14]

for a general discussion of thermally activated rate the-

ory as applied to deformation kinetics.)

The implications of grain refinement on strengthening

and hardening in fcc metals is summarized in Figs. 1
and 2 for Cu and Ni, respectively. Available data (see,

for example [11,12,15–22]) showing the dependence of

flow stress on grain size, over the nm to the lm range,

for polycrystalline Cu are plotted in Fig. 1. Here the

flow stress varies more or less linearly with d�1/2 where

d is the grain size. The red star symbols in Fig. 1 pertain
1 Strengthening of metals and alloys by recourse to grain refinement

in the nano-scale also increases the scattering of conducting electrons

at the grain boundaries. This leads to a deterioration of electrical

conductivity. On the other hand, the introduction of coherent twins

with nano-scale dimensions inside much larger grains can offer the

same level of strengthening as nanocrystalline grains [11,12]. In

addition, it circumvents the potential drawbacks inherent in grain

refinement because the electrical resistivity of coherent twin boundaries

is an order of magnitude smaller than that of high-angle boundaries

[12].

denote data extracted from instrumented nanoindentation experiments

on thin Ni foils produced by pulsed laser deposition on different hard

substrates [34].
to ultrafine-grained Cu with growth twins where the

twin width l is plotted in place of the grain size. Note

that the twin width exhibits the same connection to flow

stress as the grain size in nano-twinned Cu.

Fig. 2 is a plot of indentation hardness versus

decreasing grain size for polycrystalline Ni spanning



Grain Size (nm)

d-1/2 (nm-1/2)

m

Nanotwins in 500 nm grains
Literature data

0.04

0.03

0.02

0.01

0.00

0.0 0.1 0.2 0.3

20501001000

Fig. 3. A plot of the effect of grain size on the loading rate sensitivity

index, m, of pure Cu and Ni at room temperature from available

literature data [8,9,11,28,35–41]. Also indicated are points taken from

[11], denoted by open diamonds, for pure Cu where twins with a width

of 20 or 90 nm were introduced by pulsed electrodeposition inside

grains with an average size of approximately 500 nm. For these cases,

the twin width is plotted instead of the grain size.
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Fig. 4. A plot of the effect of grain size on the activation volume,

measured in units of b3, for pure Cu and Ni from available information

[5,8–10,28,35–41]. Also indicated are two data points, denoted by open

diamonds (corresponding to the same set of experiments for which m

values were shown in Fig. 3), for pure Cu where twins with a width of

20 or 90 nm were introduced via pulsed electrodeposition inside grains

with an average size of 500 nm (from [11]). For these cases, the twin

width is plotted instead of the grain size.
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the nanostructured to the microstructured grain dimen-

sions. The data points indicated in blue denote experi-

mental results obtained on nanocrystalline and

ultrafine crystalline Ni produced by such techniques as

electrodeposition, powder consolidation and inert gas

condensation followed by compaction [7–9,17,23–28].
These results indicate that the hardness of Ni departs

significantly from the classical Hall–Petch type behavior

when the grain size is reduced typically below about

100 nm. In addition, a lowering of hardness with grain

refinement has been reported [26] for Ni below a grain

size of approximately 8 nm. Such a transition from

strengthening to weakening with grain refinement has

been postulated from computational simulations [4,29–
31] and by invoking concepts of grain boundary sliding

associated with room temperature creep [32]. Experi-

mental simulations of indentation of two-dimensional

nanocrystalline structures employing the polycrystalline

bubble raft analogues also revealed a transition from

primarily dislocation nucleation at grain boundary triple

junctions to a greater propensity for grain boundary

sliding when the average grain size of the crystals in
the draft was reduced below about 7 nm [33]. By con-

trast, hardness values (indicated by the red data points

in Fig. 2 extracted from instrumented nanoindentation

for nanocrystalline Ni foils pulse-laser-deposited on dif-

ferent hard substrates [34]) appear to show a different

trend. Here, one observes strengthening with grain

refinement down to about 10 nm or so in a manner con-

sistent with the expectations predicated upon the classi-
cal Hall–Petch behavior. It is evident from the results

displayed in Fig. 2 that despite the growing body of

experimental results on the deformation characteristics

of nanostructured metals, considerable uncertainty ex-

ists about the mechanisms responsible for deformation,

especially at very small grain sizes.

Fig. 3 provides a summary of the experimental results

available to date in the literature on the variation of m
as a function of grain size for micro-, ultrafine-, and

nanocrystalline metals and alloys. It is evident here that

a reduction in grain size from the micro- to the nano-

crystalline regime causes an order of magnitude increase

in the strain rate sensitivity of plastic deformation.

Results are shown for Cu with a fixed grain size of

500 nm which was pulse-electrodeposited in such a way

that the grains contained nano-scale twins with widths
of approximately 20 or 90 nm. The twin width is indi-

cated in Fig. 3 for these cases in place of the grain size.

Available data indeed indicates a trend of increased rate

sensitivity at higher strain rates, as also shown in [10]

for ultrafine grained Cu a grain size of approximately

300 nm.

A summary of available data [5,8–11,28,35–41] on the

effect of grain size on the activation volume of Cu and
Ni is shown in Fig. 4. Note the decrease in activation

volume with grain refinement. The activation volume
for the ultrafine-grained Cu specimens with nano-twins
[11] is also indicated in this figure, with the twin width

replacing the grain size as the characteristic structural

length scale. Note the 100-fold increase in activation

volume as the spacing of the internal interface is varied

from about 20 to about 100 nm.

The foregoing observations clearly illustrate the ef-

fects of nanocrystalline grains and nano-scale twins on



Fig. 5. A composite model for SF emission from a grain boundary.

The model assumes the existence of a dislocation in a grain boundary,

a partial or perfect segment which is emitted into the grain. Note that

segments of dislocation are created on the side boundaries of the grain

and their energy must be accounted for as well as the energy of the

faults that are created by the emission of partial dislocations. Note that

the line energy of a partial dislocation segment in an fcc metal is taken

as 1/2(1/3)Gb2 since the magnitude of the Burgers vector is 1=
ffiffiffi
3

p
b.
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strength, hardness, rate sensitivity of deformation and

activation volume. However, the mechanisms underly-

ing such trends are not well understood at the present

time. In addition, quantitative, analytical formulations

are not available for rationalizing the observed varia-

tions in parameters as the characteristic structural length
scales are altered by several orders of magnitude. It was,

indeed, these limitations in current understanding that

motivated the present study.

The overall objective of the present work was to

develop mechanism-based models that rationalize the dis-

tinct deformation characteristics of fcc metals with grain

size and twin dimensions in the nanometer regime. This

paper develops estimates of flow stress as a function of
strain rate and activation volume by exploring the roles

of crystal stacking energies, such as the intrinsic stacking

fault and the unstable stacking energy, in the process of

initiating deformation via the emission of either partial

dislocations, i.e., stacking faults, or perfect dislocations

from the grain or twin boundaries of nanostructured

fcc metals. This goal is accomplished through the explo-

ration of two mechanistic processes: (i) a pre-existing
boundary dislocation emits a segment of a partial or

perfect dislocation into the grain, or (ii) the spontaneous

emission of a partial or perfect dislocation from a source

of stress concentration at the boundary. The latter pro-

cess is envisioned as arising from a scenario where a

crack-like stress concentrator such as a freely slipping

grain boundary facet begins to slide and concentrates

stress with a near 1/
p
r type singular field ahead of it.

The predictions of these models are correlated with

available experimental data and with the phenomenol-

ogy extracted from molecular dynamics simulations.

The plan of the paper is as follows. The next section

begins with a brief review of a model due to Asaro et al.

[42] that deals with the emission of a partial dislocation

into a nano-scale grain. The model is extended here to

describe the emission of a trailing partial, or a second
leading partial on an adjacent slip plane to form a defor-

mation twin so as to rationalize the significance of the

intrinsic stacking fault energy in controlling strength.

Following that, we describe a model for the emission

of a leading partial dislocation and then its trailing par-

tial dislocation from a stress concentrator at a grain

boundary facet. This analysis shows that aside from

the stacking fault energy alone, the unstable stacking en-

ergy, introduced by Rice [45], plays an important role in

determining the critical condition for the emission of a

partial as well as a full dislocation. Its meaning is dis-

cussed below in Section 3.1. Deformation twins are trea-

ted in a similar manner in a later section. A model for

the nucleation of a partial dislocation at a stress concen-

tration is then described. We note that our modeling of

the nucleation process is motivated inter alia by direct
observation of dislocation nucleation at boundaries

including growth twin boundaries as seen in the recent
work of Lu et al. [11] (discussed further in later discus-

sion). It is shown that the results emerging from the

present analysis directly lead to estimates of the range

of values for activation volume and rationalize the

empirical trends regarding the observed high strain-

and loading-rate sensitivity described above. This is fol-
lowed by related discussion and conclusions.
2. Emission of partial and perfect dislocations from

existing grain boundary dislocations

Our analysis begins with consideration of a partial, or

perfect, dislocation emitted from a grain boundary, as
envisioned in [42] and schematically sketched in Fig. 5.

To set the geometry, let the perfect dislocation have a

Burgers vector along the unit crystal axis s, and let the

unit normal to the slip plane of the perfect dislocation

be m; z is the third unit vector of the (s, m, z) triad. Then

the criterion for emission of a segment of partial disloca-

tion into the grain, of diameter d, and for extending it

entirely through the grain, is [42]

sms
G

bð1Þs

jbj þ
smz
G

bð1Þz

jbj

( )
¼ ða� 1Þ

a
Cþ 1

3

b
�d
. ð3Þ

Here the dislocation is taken to be composed of the lead
partial, b(1), and a trailing partial, b(2); the full Burgers

vector is b = b(1) + b(2). The components of such partial

dislocations, all of which lie in the slip plane of the par-

ent dislocation, are bð1Þs ; bð1Þz ; bð2Þs and bð2Þz . The shear

stress components that are work conjugate to these par-

tial components are sms and smz. Also, b is the magni-

tude of the perfect dislocation�s Burgers vector, �d the

grain size, a ¼ �d=deq, where deq is the equilibrium spac-



Table 1

Sample values of critical resolved shear stress, along the direction of the Burgers vector of the perfect dislocation, to emit a partial dislocation from a

preexisting grain boundary dislocation

�d (nm) 50 30 20 10 deq C/(Gb)

Cu 211 MPa 248 MPa 291 MPa 421 MPa 1.6 nm 1/250

Ni 960 MPa 1027 MPa 1115 MPa 1381 MPa 0.5 nm 1/100

Ag 125 MPa 158 MPa 198 MPa 321 MPa 3.4 nm 1/447

Pd 719 MPa 763 MPa 820 MPa 988 MPa 0.54 nm 1/75

2 This approximation must be taken with care for metals such as Ag

that has a rather low intrinsic stacking fault energy. For grain sizes

below 10 nm the factor (a � 1)/a falls measurably below unity.
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ing of partial dislocations in the unstressed crystal, and

G is the shear modulus. The reduced stacking fault en-

ergy is C = csf/Gb where csf is the intrinsic stacking fault

energy. In terms of it, the equilibrium spacing of partial

dislocations, deq, in an unstressed crystal is

deq �
1

12p
b
C
. ð4Þ

Before examining the consequences of this model for

estimating the strength of nanostructured crystals, we

will explore a second possible mechanism for emitting

partial dislocations. For now, however, we list in Table 1

some sample estimates for several fcc metals, derived
from Eq. (3), for critical resolved shear stresses to drive

lead partial dislocations into a nanostructured grain,

i.e., resolved along the direction of the lead partial

dislocation.

For later reference, and as an example, note that for

Ni with a grain size of 20 nm the critical stress is on the

order of 1100 MPa whereas later discussion will show

that the alternative model we explore leads to even lar-
ger values. Also later, we use these estimates to approx-

imate what would be expected to be the uniaxial tensile

flow stress by using the connection, r � 2 · s, where s is
the estimated resolved shear stress. It should be noted

for later reference that this model is three-dimensional

in the sense that it specifically considers the formation

of segments of dislocation in the side boundaries of

the grain as shown in Fig. 5. As observed below, these
segments contribute to the energy required to emit the

dislocation and consequently contribute to the flow

stress required to drive deformation.

This model also provides a compelling picture of the

role of stacking fault energy in controlling strength.

Transitions to other mechanisms, in particular grain

boundary sliding and the emission of perfect disloca-

tions, can also be examined by extending this approach.
For example, if s is the shear stress resolved along the

direction of the lead partial dislocation, then the relation

in Eq. (3) can be simplified as

s
G
¼ ða� 1Þ

a
Cþ 1

3

b
�d
. ð5Þ

A perfect dislocation can be emitted [42] when

s
G
¼ b

�d
; ð6Þ
and, therefore, a transition from full to partial disloca-

tion is expected at a grain size, �dt, where

b
�dt

¼ 3

2

ða� 1Þ
a

C ) �dt ¼
2

3

a
a� 1

b
C
. ð7Þ

Note that this type of model introduces a grain size

dependence via the geometry of the ‘‘side segments’’ as

depicted in Fig. 5. Using the values for the reduced

stacking fault energy found in Table 1, and approximat-

ing a/(a � 1) � 1, values for �dt are found2 as listed in
Table 2.

The picture that emerges from the values in Table 2 is

that for metals such as Ni and Pd, it is more likely that

deformation involves perfect dislocations or at least par-

tial and trailing dislocations rather than lead partial dis-

locations and stacking faults only. This is particularly

true for nanocrystals with grain sizes �d P 15 nm or

so. For metals such as Cu, and more especially Ag with
a relatively low stacking fault energy, faults are more

likely to be observed as the result of partial dislocation

emission only. Metals such as Al, with a relatively high

stacking fault energy, would likewise be expected to emit

perfect dislocations rather than intrinsic stacking faults.

We consider later the possibility of deformation twins

being emitted and estimate relative trends for twin

nucleation as opposed to dislocation or fault emission.
Experimental observations are clearly required to docu-

ment the actual trends. The trends identified here appear

to be quite consistent with the results of recent molecu-

lar dynamics simulations [43] for nanostructured Ni, Al,

and Cu. These simulations reveal that in Al, perfect dis-

locations tend to be emitted, whereas in Cu partial dis-

locations are emitted at triple points, and in Ni

extended partial dislocations are seen to traverse entire
grains. Furthermore, in Al, perfect dislocations are emit-

ted by the initiation of a leading partial followed closely

by its trailing counterpart as would be forecast by the

modeling presented herein.

The condition for partial dislocation emission de-

scribed by Eq. (3) is for the extension of a partial entirely

across a grain. The discussion surrounding the analysis

of partial emission from a stress concentrator such as



Table 2

Values for the Burgers vector and �dt

Cu Ni Ag Pd

b (nm) 0.255 0.248 0.288 0.275
�dt ðnmÞ 40 16 84 13
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a grain boundary facet or triple point to be considered in

the next section makes clear, however, that both leading

and trailing partial dislocations will be emitted with

spacings that depend on both the unstable stacking en-

ergy and the stacking fault energy. This more general

scenario is depicted in Fig. 6. The foregoing analysis

of the degree of extension of partial dislocations and

the model from [42] readily provide the energy of the
system depicted in Fig. 6 and it contains the terms

E¼ �2Kijb
ð1Þ
i bð2Þj lnðd=r0Þ�ðsmsbð1Þs þsmzb

ð1Þ
z Þðdþs�r0Þ�d

�ðsmsbð2Þs þsmzb
ð2Þ
z Þðs� r0Þ�dþ2Lpdþ2Lfsþcsfd�d.

ð8Þ

Here Lp and Lf are the energies per unit length of a
partial and full dislocation, respectively. K is the energy

factor matrix defined by Barnett and Asaro [44], and for

an elastically isotropic material with the dislocation

lying along the s direction for example, Kmm ¼ Kzz ¼
G=4pð1� mÞ; and Kss ¼ G=4p. For brevity, let s1 ¼
smsb

ð1Þ
s þ smzb

ð1Þ
z and s2 ¼ smsb

ð2Þ
s þ smzb

ð2Þ
z . csf is, again,

the intrinsic stacking fault energy. When E is minimized

with respect to d, the extension of the partial disloca-
tions, it is seen that

deq ¼
2Kijb

ð1Þ
i bð2Þj

csf � s1 þ 1=3 Gb2=�d
� � . ð9Þ

The factor of 1/3 in the term in the denominator arises

from the ratio of magnitude of the Burgers vector of

the partial to that of a perfect dislocation. This result
shows, inter alia, that under stress, partial dislocations

may extend considerably further than when the system

is unloaded and deq is as given in Eq. (4). Now when
δ

δ

Fig. 6. Emission of a leading partial dislocation followed by its

trailing partial dislocation. The spacing between the two partial

dislocations depends on the two stacking energies as described in the

text. In some cases, i.e., in materials with low stacking fault energy,

the leading partial dislocation will spread entirely across the

grain, whereas in materials with high, or moderately high stacking

energies, either full dislocations or complexes containing very large

faults will be observed.
E is minimized with respect to s, what follows is a crite-

rion independent of s, and we recover the original crite-

rion [42] for emitting a full dislocation, viz., the relation

given above in Eq. (6), since the resolved shear stress, s,
used in Eq. (6) is in fact the same as s1 + s2.
3. Emission of a partial dislocation from a stress

concentration

A second possible mechanism, alluded to earlier, for

emitting dislocations into a nano-sized grain involves

the emission of partial, or perfect, dislocations from

sources of stress concentration at grain boundaries.
These sites, for example, could include grain boundaries

that slide. To explore such a possibility, we examine Fig. 7

which envisages the sliding of a grain facet that, in turn,

acts like a small crack. We note, however, that the slid-

ing envisioned here does not constitute gross grain

boundary sliding and does not itself produce finite

deformation and does not accordingly set limits to

strength.
Our procedure is to use the analysis of Rice [45] to ex-

plore the critical conditions for the emission of a partial

that sets limits to strength. We use the symbol d to rep-

resent the length of a grain boundary facet that is clearly

less than the grain diameter as usually defined. For sim-

ple hexagonal grains, this means that the full grain

diameter, �d, is twice d, a fact that has significance with

respect to our later findings.
Fig. 8 illustrates the basic process whereby a partial

dislocation is emitted at the crack tip, with the possibil-

ity of the trailing partial dislocation being emitted at

higher levels of stress intensity. Note the geometry

whereby the angle made by the leading partial Burgers

vector is /1 to the crack tip normal.
Fig. 7. A model for SF emission from a grain boundary that acts in a

crack-like manner. This has the effect of producing a crack with the

size of a typical grain facet.



Fig. 8. A model for partial dislocation emission from a grain

boundary that acts in a crack-like manner. The crack is loaded via

an in-plane mode II applied stress, s, and an anti-plane mode III shear

stress, �s.
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The lead partial dislocation, after being emitted, trav-

els a distance r1 into the interior of the grain at initia-

tion, and further into the grain at higher levels of

applied load. The effective stress intensities acting on

the leading and trailing partial are defined as:

K1 ¼ KII cos/1 þ KIII sin/1; ð10aÞ

K2 ¼ KII cos/2 þ KIII sin/2; ð10bÞ
where /2 is a similarly defined angle as /1 for the trailing

partial. The first partial dislocation is emitted when [45]

K1 ! K1crit ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2G
1� m

½cos2/1 þ ð1� mÞsin2/1�cus

r
; ð11Þ

where cus is the unstable stacking energy defined in [45]
(see later discussion surrounding Fig. 9). At this level of

K1, and then at higher levels, the emitted partial disloca-

tion travels a distance

r1
bð1Þ

¼ ðK1crit=K1Þ2

4pð1� mÞ
cos2/1 þ ð1� mÞsin2/1

½1�
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� ðcsf=cusÞðK1crit=K1Þ2

q
�2
Gbð1Þ

cus
.

ð12Þ
To gain an understanding of the numerology here, let

/1 = 0. This simplifies the geometry and subsequent

determination of the viability of the model vis-à-vis

experimental data, such as it exists. If /1 = 0, the condi-
Fig. 9. Energy path experienced by the process of sliding two blocks of

crystal, first to create an unstable stacking configuration and then a

complete stacking fault. The figure identifies the unstable stacking

energy and the energy of the end state when a partial dislocation and

intrinsic stacking fault has been created.
tion for nucleation of the lead partial dislocation

becomes

K1crit ¼
ffiffiffiffiffiffiffiffiffiffiffiffi
2Gcus
1� m

r
¼ G

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2bð1Þ

1� m
C1us

s
; ð13Þ

where we define a reduced unstable stacking energy as

C1us �
cus

Gbð1Þ
. ð14Þ

With the geometric condition /1 = 0 imposed, the dis-

tance travelled at initiation becomes

r1
bð1Þ

¼ ðK1crit=K1Þ2

4pC1usð1� mÞ
1

½1�
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� ðcsf=cusÞðK1crit=K1Þ2

q
�2
.

ð15Þ
When K1 = K1crit,

r1
bð1Þ

¼ 1

4pð1� mÞC1us

1

½1�
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� ðcsf=cusÞ

p
�2
. ð16Þ

It is of interest to immediately examine the numerology

of Eq. (16).
For Ni, for example, assume that csf/cus � 0.7 (see la-

ter discussion surrounding Table 4) and m � 1/3. From

above

C1us ¼
p
3C

cus
csf

; ð17Þ

where the factor of
p
3 comes from the fact that

b/b(1) =
p
3. Thus if C = 1/100 for Ni, then C1us = 1/40.

This means that at initiation of the first partial, r1 � 5

nm. As the function r1/b
(1) is a rapidly increasing func-

tion of decreasing (K1crit/K1)
2, when there is but a 20%

increase in K1 from this critical value, r1 � 10 nm, and
so on. Thus, for materials with grain sizes below 8 nm

or so once a partial initiates it tends to traverse the entire

grain diameter.

The stress intensity factor for the mode II crack act-

ing on the lead partial is

KII ¼ s

ffiffiffiffiffiffiffiffiffiffi
p
1

2
d

r
; ð18Þ

which brings to light the expected d�1/2 grain size depen-

dence for the required shear stress, s as defined in Fig. 8.

In fact, there results for s the expression

s=G ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
4C1us

pð1� mÞ

s ffiffiffiffiffiffiffi
bð1Þ

d

s
¼ f

ffiffiffiffiffiffiffi
bð1Þ

d

s
. ð19Þ
Table 3

Values for f

Ni Cu Al

f 0.218 0.251 0.231



3 We have approximated the values obtained in [43], by using

different atomic potentials.
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Table 3 shows results for the dimensionless quantity

f ” (4C1us)/{p(1 � m)}1/2. For Cu, a value of C = 1/250

was used and for Al the stacking fault energy was taken

as csf = 120 mJ/m2. As a further example, for Ni with a

grain edge size of 20 nm, and a shear modulus of G � 80

GPa, the required shear stress becomes, using Eq. (19),
s � 1540 MPa, which implies a tensile stress of perhaps

r � 2 · 1540 � 3080 MPa! Results for Cu and Al scale

roughly as their respective shear moduli owing to the

rough similarity in the value of f.

3.1. The trailing partial: perfect dislocation emission

In fcc crystals, the partial dislocation Burgers vectors
are inclined in the primary slip plane by a 60� angle.

Again setting /1 = 0, this results in the criterion for

emitting the trailing partial dislocation:

p
3

KIII

Gbð1Þ

����
����þ

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
KII

Gbð1Þ

� �2

� 2C1sf

bð1Þð1� mÞ

s

¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2ð4� 3mÞ
bð1Þð1� mÞ

½C1us � C1sf �
s

; ð20Þ

where the reduced stacking fault energy, C1sf, is defined
as

C1sf �
csf

Gbð1Þ
¼ b

bð1Þ
C ¼ p

3C. ð21Þ

Here KIII is similarly defined, vis-à-vis KII, as

KIII ¼ �s

ffiffiffiffiffiffiffiffiffiffi
p
1

2
d

r
. ð22Þ

Note that Eq. (20) is only to be applied after the critical

condition for emitting the lead partial dislocation is met

so as to ensure that

KII

Gbð1Þ

� �2

P
2C1sf

bð1Þð1� mÞ
;

since cus P csf. This assures that the argument of the

radical on the left-hand side of Eq. (20) is positive. If

cus � csf, this criterion leads to the conclusion that the

trailing partial is emitted directly after the lead partial

dislocation. Metals such as Cu, or Ni, are thereby ex-

pected to emit partial dislocations whereas Al may just

as readily emit partial, or perfect, dislocations.
At this point, it is worthwhile to view Fig. 9 which

illustrates the energy path when two ‘‘blocks’’ of crystal

are slipped past each other, first to create an unstable

stacking configuration, and then a full stacking fault.

The schematic illustrates the energetics involved in the

processes of first creating an unstable stacking sequence,

leading to the energy level cus, and the final creation of a

stable partial dislocation and an intrinsic stacking fault
in the wake of the lead partial dislocation. The intrinsic

stacking fault has an energy of csf. The trailing partial
begins from a system energy level, csf, and the system

undergoes a similar increase in energy until this second

partial dislocation has been fully created. Of course,

once formed the ‘‘perfect dislocation’’ will be extended

into its two partials that are separated by a distance

deq, as given by Eq. (4).
Now rewrite Eq. (20), using the result for K1crit from

Eq. (13), as

p
3

KIII

Gbð1Þ

����
����þ KII

Gbð1Þ

ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� K1crit

KII

� �2 csf
cus

s

¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2ð4� 3mÞ
bð1Þð1� mÞ

s ffiffiffiffiffiffiffiffi
C1us

p ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� csf=cus

p
. ð23Þ

At the value of KII where the first partial dislocation is

initiated this becomes

p
3

KIII

Gbð1Þ

����
����þ K1crit

Gbð1Þ
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� csf=cus

p

¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
2ð4� 3mÞ
bð1Þð1� mÞ

s ffiffiffiffiffiffiffiffi
C1us

p ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1� csf=cus

p
; ð24Þ

which suggests the definition of the quantity b as

b ” 1 � csf/cus. Estimates3 of this quantity can be obtained

from molecular dynamics simulations [43], which are

listed in Table 4. The point is, however, that metals such

as Ni, Cu, and Al apparently show a wide range of values

for the ratio of csf to cus and thus for b. With b close to

zero, once the lead partial dislocation has been emitted

there is little requirement for an increase in either KII or
KIII to trigger the emission of the second partial.

Thus, as noted above, the foregoing analysis leads to

the expectation that both partial dislocations are emitted

in tandem, separated by a spacing set by the intrinsic

stacking fault energy and by the action of applied stres-

ses as embodied in the criterion [42] expressed in Eq. (3).

If, on the other hand, b is closer to unity we expect that

there will often be scenarios where the lead partial dislo-
cations move farther distances out ahead of the bound-

ary, perhaps across the entire grain, before trailing

partial dislocations are observed to initiate. There will

be a continuous range of scenarios where lead partials

will move finite distances and then – with increases in

applied stress – be followed by trailing partial disloca-

tions. The relations given above allow for the analysis

of these cases, but it is cautioned that the end picture
will depend sensitively on the material properties used

which, to date, are only very approximately known.

Having introduced the parameter b above and taking

m � 1/3, Eq. (16) can be rewritten as

r1
bð1Þ

� 3

8pC1us

1

½1�
ffiffiffi
b

p
�2
. ð25Þ



Table 4

Values for b

Ni Cu Al

b 0.30 0.80 0.10
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This expression makes clearer the effect of the ratio

csf/cus on the distance travelled by the lead partial dislo-

cation at initiation. The range of values for b shown in

Table 4 indeed suggests that the effects are significant.

We emphasize that the above development is strictly

a two-dimensional analysis and considers no three-

dimensional effects such as the existence of what were

termed ‘‘side segments’’ in Fig. 5. As such it produces
a grain size dependence through the specific picture of

the stress concentration arising via a slipping grain

boundary facet. A simplified model for the nucleation

of a partial dislocation at a crack-like stress concentra-

tion at a grain boundary facet is considered below that

contains such 3D features. The purpose of this is to ex-

plore the possible magnitude of activation volumes that

enter the nucleation event as this can provide critical in-
sights into the level of strain rate sensitivity that may be

expected.
Fig. 10. Nucleation of a partial dislocation loop at the front of a freely

slipping grain boundary facet.
4. Nucleation of partial dislocations and strain rate

sensitivity

There are many vital aspects of the phenomenology
of deformation in nanostructured fcc metals that require

consideration of mechanistic processes different from

those described up to this point. Important among these

is the sensitivity of plastic deformation to the loading

rate (see Fig. 3). The mechanisms responsible for such

strain rate sensitivity remain intriguing. Such large

strain rate sensitivity suggests the possibility of a ther-

mally activated process controlling deformation (or ini-
tiation) that, in turn, is controlled by an activation

volume on the order of, say 3 � 10b3. Thus the forego-

ing analysis which envisioned a long and straight disloca-

tion being emitted should be replaced with one that

considers the nucleation of a small loop at a grain

boundary facet crack or at a grain boundary triple

point.

An analysis of the type done for the emission of a
partial, or perfect, dislocation from an assumed grain

boundary facet crack could be carried out for dislocation

nucleation within the locally concentrated stress field of

a grain boundary triple point. However, such an analy-

sis would almost immediately raise questions of viability

as well. For example, the concentrated field at grain

boundary vertices are singular as �1/rs [46], but with

exponents that are directly related to the elastic anisot-
ropy of the crystal. For Al, which is elastically nearly
isotropic, such effects would be quite small and presum-

ably no emission would be forecast. For cubic crystals

with modest anisotropy, such as many fcc metals, the ef-

fects of such stress concentrations are generally not

strong [46]. Nonetheless, a careful study is needed espe-

cially in light of the fact that molecular dynamic simula-
tions frequently show defects initiated at such sites.

Indeed, recent observations of deformation of nano-

structured Ni inside the transmission electron micro-

scope [47] reveals nucleation of dislocations at grain

boundaries and triple junctions. (Videoimages from this

study can be viewed in the website for supplementary

material in the electronic archive of [47].) In addition, re-

cent post-indentation studies of polycrystalline Cu with
a high density of growth twins also appear to reveal the

emission of dislocation loops in deformed twin bound-

aries [11]. Motivated by these experimental observa-

tions, we present next a simplified analysis of a

nucleation event to gain insight into the possible magni-

tude of activation volumes as the grain size is decreased

from the microcrystalline to the nanocrystalline regime.

We consider the nucleation of a partial dislocation
loop from a stress concentration of the type envisioned

above, and as illustrated in Fig. 10. The loop is imagined

to be driven out from the crack tip by the concentrated

field used in the above analysis. As it happens, however,

the segments of the loop are attracted back to the crack

tip with an image like force, as described by Asaro and

Rice [48]. This is taken into account by choosing for the

energy of the expanding, semi-circular, loop the energy
per unit length of a full circular loop, viz.

L ¼ Gb21
2� m

8pð1� mÞ lnð8r=e
2r0Þ; ð26Þ

where r0 is an inner cutoff radius on the order of b1, and

where for convenience of notation we have represented

the magnitude of the nucleating, leading, partial disloca-
tion as b1. Of course, the stress field near the tip of the

crack like facet varies as
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rb1m � KIIffiffiffiffiffiffiffi
2pr

p ; ð27Þ

where again KII ¼ s
ffiffiffiffiffiffiffiffiffi
p 1

2
d

q
. Each segment of the expand-

ing loop goes through the unstable stacking energy and

then leaves an energy wake corresponding to the stack-

ing fault energy. Thus for now, we simply represent the

energy per unit area of the loop as c, where this is to be

interpreted vis-à-vis csf and cus once we know the magni-

tude of rc, the critical radius of the nucleating loop. Now

taking in Eq. (26), 8/e2 � 1, the free energy of the
expanding loop is

U ¼ Ur lnðr=r0Þ �Bðr3=2 � r�3=2
0 Þ þ c

1

2
pðr2 � r20Þ; ð28Þ

with

U ¼ Gb21ð2� mÞ
8ð1� mÞ ; B ¼ 1.4KIIb1. ð29Þ

Now as B increases, the system traverses configurations

where r ¼ rðBÞ in which the energy is minimum and

then maximum, and where the difference in energy be-

tween these extreme states represents an activation en-
ergy. To estimate the size of the loop where the

process becomes athermal, and is completely mechani-

cally driven, we seek the state where both the conditions:

oU=or ¼ 0; ð30aÞ

o2U=or2 ¼ 0 ð30bÞ
are satisfied. At lower values ofB than this, and thus KII

and the applied shear stress, s, the process is thermally

activated. The solution for the critical radius at this

athermal state is estimated by noting that pc/U� 1so

that, asymptotically, the critical athermal radius is

found to be

rc � 1þ 5Ĉeþ 1

2
½5Ĉe�2 þ � � �

� �
er0; ð31Þ

where Ĉ ¼ c=Gb1 is a reduced stacking energy. Some

numerical examples follow. If c is taken as csf then, since
1/500 6 C 6 1/100 for a wide range of fcc metals, we find

that rc � eb1 or rc � (e/
p
3)b. This suggests, while

momentarily ignoring the effect of Ĉ, an activation vol-

ume on the order of t � 1
6
pe2b3 � pb3. To assess the ef-

fect of stacking fault energy, recall that Ĉ ¼
ffiffiffi
3

p
C. For

Ni, for example, the result in Eq. (31) leads to the esti-

mate t � 5.3b3. At corresponding values of B less than

what exists at this state, the activation area will be lar-
ger, but nonetheless such small activation volumes are

consistent with the high strain rate sensitivity evident

in the data. In particular, activation volumes of the or-

der 5 � 10b3 are readily rationalized by the mechanisms

we suggest here. To estimate the influence of such a

small activation volume we use the definition of experi-

mental activation volume [14]
o ln _cs
os

¼ t
kT

; ð32Þ

where the usual definitions of k and T apply and _cs is the
slip rate. At 300 K, this leads to

ds � 70d ln _cs MPa; ð33Þ
or, if s1 and s2 represent the flow stresses at two levels of

strain rate _cs1 and _cs2, respectively, then the difference in
flow stress is

s1 � s2 � 70 lnð _cs1= _cs2Þ MPa. ð34Þ
We note that the flow stresses at strain rates of 76 and

1700 s�1 are roughly 1700 and 2400 MPa, respectively.

Based on the difference between these two strain rates,

and using the connection between shear stress and ten-
sile stress r � 2 · s, Eq. (33) would predict the flow

stress at the higher rate to be only 2120 MPa, thus sug-

gesting that the estimate of t � pb3 is too large by a fac-

tor of 1.6. However, given the approximate nature of

our analysis, this level of agreement (compare with the

results shown in Fig. 4) is encouraging.

For Ni, if we take the activation volume to be

t = pb3, Eq. (34) leads to the result that ds � 322 MPa
for each factor of 100 increase in strain rate. If again

we take the connection between tensile stress and shear

stress to be r � 2 · s, this gives an increment of 644 MPa

per factor of 100 increase in strain rate. If instead we

had defined the strain rate sensitivity as

1

m
� o ln _cs

o ln s
; ð35Þ

we would have obtained a more consistent measure of

rate sensitivity.

The corresponding values of B are readily calculated

and, when done, leads to

s
G

� 0.235

31=4

ffiffiffi
b
d

r
¼ 0.235

ffiffiffiffiffi
b1
d

r
. ð36Þ

This provides similar conclusions regarding the ather-

mal shear stress required to trigger the injection of a par-

tial dislocation segment. For example, as b(1) = b1 we
may compare the value of f in Eq. (19) and Table 2

for Ni with this value of 0.235.

Contributions to strain rate sensitivity may also arise

from relaxation phenomena occurring at initiation or

during dislocation travel [42]. For example, consider

Fig. 5 and note the dislocation segments indicated on

what is termed the ‘‘side boundaries’’. The energy asso-

ciated with these segments is reflected in the contribu-
tion to the required resolved shear stress by the second

term on the right-hand side of Eq. (3). This term is sig-

nificant and amounts to a contribution to the shear

stress of ds ¼ 1
3

b
�d G. For a grain size of 20 nm in Ni,

for example, this amounts to an increment in shear

stress of ds � 800–1000 MPa. Thus there remains the



Fig. 12. Emission of a leading partial dislocation followed by the

emission of a second leading partial dislocation on an adjacent slip

plane, thus creating a deformation twin. The darker shaded region

denotes an intrinsic stacking fault and the lighter region a deformation

twin. The left side of the figure extends to the boundary from which the

fault/twin was emitted.
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question of what the actual energetics of such disloca-

tion structure in the side boundaries is, and whether it

is affected by strain rate. A complete lack of strain rate

sensitivity has been reported [7] for some nanostructured

Ni specimens loaded in the quasistatic strain rate range

of 10�5 � 10�2, whereas others [28] find a more signifi-
cant rate dependence. The lack of rate dependence be-

low a certain strain rate range is not consistent with

either a truly thermally activated process or with mech-

anisms such as grain boundary sliding. This again points

to the need for more detailed experimental documenta-

tion of the full range of strain rate and temperature

dependent response in these materials.

Whereas observations of twins and faults have been
reported in deformed nanostructured fcc metals, the

existing data are somewhat spurious in that statistics

for defect densities are lacking as well as correlations

of such defect density with imposed inelastic strain. In

fact, in many cases of such reports, there is no sup-

porting evidence that the singular observation of a de-

fect such a twin or stacking fault, was even significant

with respect to contributing to the measurable inelas-
tic strain. Reliable data of this type are therefore vital

for establishing the viability of any proposed

mechanism.
5. Emission of deformation twins

Fig. 9 illustrated the energetics of emitting partial dis-
locations at the tip of a stress concentrator; Fig. 11 goes

further to describe both the energetics of emitting partial

dislocations and deformation twins (DT) at a crack tip

thus defining the unstable twinning energy, cut. The pro-

cess of creating a deformation twin has been analyzed by

Tadmor and Hai [49] using again Rice�s Peierls ap-

proach for emitting slip-like defects at a crack tip. The
Fig. 11. Energy path for creating a pair of partial dislocations and a

deformation twin. The solid line indicates the path for creating the

leading partial dislocation, with Burgers vector b(1) followed by the

trailing partial dislocation with Burgers vector b(2). Between the partial

dislocations is an intrinsic stacking fault (SF) with energy csf. A

deformation twin is created instead by the emission of a second leading

partial dislocation on an adjacent slip plane, thereby creating a double

twin plane (TP) with a total energy 2c	t ; this partial dislocation has

again the Burgers vector b(1).
geometry used by them is the same as used herein. As
noted in the caption to Fig. 12, twin creation involves

the emission of a second leading partial dislocation on

an adjacent slip plane rather than the second partial

on the original slip plane. In attempting to compare

the tendency for the system to emit either partial dislo-

cation pairs and thus stacking faults, versus twins, a

parameter T, termed the twinning tendency, is intro-

duced. It is defined as

T ¼ kcrit

ffiffiffiffiffiffi
cus
cut

r
; ð37Þ

where cut is the unstable twinning energy defined in
Fig. 11. The reader is referred to the original paper

[49] for the details of derivations. The condition

T > 1 is one that favors twin emission over the emis-

sion of the trailing partial dislocation and thus of

the emission of faults. Detailed parametric studies of

the effects of geometry and material parameters (many

of which are only estimated from molecular dynamic

simulation) can be found in [49]. Here we simply
make contact with our earlier discussion by reducing

their analysis vis-à-vis the specific geometric conditions

we have used.

The criteria in Eq. (37) pertain to the case where the

loading can be expressed by a single parameter and

loading direction defined by an angle a, i.e., where the

mode II and III stress intensity factors are expressed as

KII ¼ K cos a; KIII ¼ K sin a. ð38Þ

To explore the possible trends for (or possibility of)

twins being emitted along with (or instead of) faults,

we examine the case where a = /1; we then, as above,

look at the case where /1 = 0. Recall that the geometric

condition /1 = 0 defines a state where the leading partial

dislocation�s Burgers vector is orthogonal to the crack
front. Then the parallel case of a = 0 means that the

direction of shear loading is also orthogonal to the crack

front and parallel to the leading Burgers vector. Invok-

ing these geometric assumptions and introducing the

parameter (from [49]) that g ” csf/cus = 1 � b, the expres-
sion for kcrit becomes simply

kcrit ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffi
1þ 2b

p
; ð39Þ
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and twinning tendency parameter, T, becomes

T ¼
ffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffiffi
ð1þ bÞ cus

cut

r
. ð40Þ

The analysis assumes elastic isotropy and since the re-

sults depend on Poisson�s ratio, we have taken m = 0.3

in all cases. We note, however, that any effects of elastic

anisotopy are ignored in [49], a deficiency of little conse-

quence for Al but perhaps of some importance for Cu or

Ni. As may be confirmed by examining the various cases
explored numerically in [49], the trends expressed by (40)

are typical. For example, we use the results of [43] for

estimates of csf/cus and cus/cut. They give, respectively,

for Al, Cu, and Ni, cus/cut = 0.75, 0.94, 0.786; Tadmor

and Hai [49] list for Al and Cu the values cus/cut =
0.756 and 0.894, respectively, which are similar. For kcrit
the Van Swygenhoven et al. [43] estimates are

kcrit = 1.09, 1.6, 1.26 for Al, Cu, and Ni, respectively.
Thus we obtain for the twinning tendency, T � 0.94,

1.55, 1.12 for Al, Cu, and Ni, respectively. The trends

are, then, to expect that Cu would exhibit the strongest

tendency to display twinning modes whereas Al would

be less likely to twin.
6. Discussion and conclusions

Our principal objective was to provide a mechanistic

rationalization for the consistent observations of high

strain rate sensitivity in nanocrystalline fcc metals and

alloys. The analysis assumed the existence of a suitable

source of stress concentration at a sliding grain bound-

ary facet. In materials with grain sizes below, say,

20 nm or so, this is a reasonable scenario. In materials
with much larger grain sizes, this picture becomes less

tenable and other sources of stress concentration capa-

ble of initiating partial or full dislocations or deforma-

tion twins is necessary. Therefore a complete picture

that explains the more-or-less continuous decrease in

strain rate sensitivity, or alternatively the increase in

activation volume, with increasing grain size will require

additional analysis that identifies these sites. Scaling that
arises from dislocation pictures such as the ones we have

analyzed, however, will invariably lead to the trend of

increasing activation volume with increasing grain size

(or decreasing flow stress). For example, if we consider

the homogeneous nucleation of a circular dislocation

loop within a grain and use the expression in Eq. (26)

for the energy per unit length of a circular dislocation

loop we obtain for the total energy

E ¼ Gb2
2� m

4ð1� mÞ lnð8r=e
2r0Þ � sbpr2. ð41Þ

Taking again, 8/e2 � 1 and m � 1/3 and minimizing E
with respect to r we find for the critical radius

rc �
5 s� ��1

b½lnðrc=r0Þ þ 1�. ð42Þ

16p G
To set a stress level, use the criterion for the emission of

a full dislocation from a nanocrystalline grain boundary,

viz., s/G = b/d. This yields

rc �
5

16p
dðlnðrc=r0Þ þ 1Þ. ð43Þ

This relation shows that rc is a monotonically increasing

function of grain size d and is in fact more than linearly

so. For truly nanocrystalline fcc metals, on the other

hand, our mechanistic models do in fact rationalize

the very low values of activation volume which are fore-

cast to be in the range 3 � 10b3 consistent with available
experimental evidence.

The analysis also points out the importance of con-

sidering the complete energy paths involved with gener-

ating defects such as partial and full dislocations or

twins. In particular, the unstable stacking energy, cus,
introduced by Rice [45] in his analysis of dislocation

emission at a crack tip is shown to play an important

role in establishing the stress levels required to emit par-
tial dislocations and in assessing the likelihood of the

emission of full dislocations and partial dislocations.

The importance of this issue is quantified in the present

paper through introduction of the parameter, b ” 1

� csf/cus. The unstable stacking energy is not accessible

to direct experimental measurement, but if the trends re-

ported for its ratio with the intrinsic stacking fault en-

ergy (which is extracted from molecular dynamics
simulations) are used as a guide, the predicted effects

are indeed important. For example the term involving

b in Eq. (25) which estimates the distance the lead par-

tial dislocation travels after being emitted, i.e.,

ð1�
ffiffiffi
b

p
Þ�2

, when evaluated for Cu, Ni, and Al would

be 90, 5, and 2.17, respectively. This suggests a clear

trend for Cu to display extended faults whereas in Al

the expectation is for full dislocations to be observed.
Trends, at least as seen in molecular dynamics simula-

tions (e.g., see [43]), for full dislocation emission versus

fault emission are explained for the most part in the

foregoing discussion. Although experimental data at this

point are not sufficiently definitive to elucidate the

trends with complete clarity, our models clearly indicate

that the materials tested to date contain grain size distri-

butions that will lead to various mechanisms occurring
concurrently in the same sample.

The experimental observations of rate sensitivity

that we have used in our conceptualization and anal-

ysis appear to be factually unexceptional. There are,

however, difficulties in making direct comparisons of

predictions of the various deformation mechanisms

with experiment. A major obstacle to unambiguous

comparison arises from the fact that all materials
tested to date contain a range of grain sizes that,

according to our modeling estimates, would indeed

span over at least two, and often three, mechanisms.
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It must be noted that, in a polycrystal with an average

grain size of for example 20 nm, if even 10% of the

grains have sizes ranging between 30 and 40 nm that

these larger grains will represent essentially 50% of the

volume fraction. Distributions such as these are com-

monly encountered, e.g., see [7]. They have, then, the
capacity of dominating the response and leading to

flow stress levels far below what may be predicted

by models analyzing a strictly 20 nm grain size. If

the grain size distribution is truly bi-modal, the smal-

ler grains may act only as non-deforming inclusions. It

is, therefore, of great value to obtain data on materi-

als with more uniform grain sizes. The current paucity

of such experimental information, and the practical
difficulties in producing nanostructured materials with

very narrow grain size distributions so that such infor-

mation can be obtained, also point to a critical need

for developing mechanistic models and analyses of

the kind presented in this paper.

The mechanistic descriptions presented in this work

also point to the manner in which nano-scale growth

twins can influence mechanical deformation character-
istics, very much like grain boundaries in nanostruc-

tured face-centered cubic metals. Such models offer

possible means to develop quantitative understanding

of the mechanical properties of nanostructured metals

for which recent studies have demonstrated appealing

opportunities for tailoring strength and hardness by

recourse to the controlled introduction of nanoscale

twins [11,12,50]. We further note that while the pres-
ent considerations of both unstable and stable stack-

ing fault energy in the context of GB defect

nucleation have drawn a parallel to dislocation emis-

sion at the crack tip under mode I [45,52], such mech-

anistic processes for microcrystalline materials have

also been contemplated by recourse to analyses of

mixed-mode cracking [53,54].

The expectations for deformation twinning that
come out of our analysis are also in good accord with

the limited experimental evidence currently available.

For example, for Al we would predict that fault emis-

sion would be preferred over perfect dislocation emis-

sion in pure Al with grain sizes �d 6 20 nm; the

twinning tendency parameter suggests that at grain

sizes somewhat below this value, deformation twin-

ning becomes possible and eventually preferred. To
arrive at this we take for Al csf = 142 mJ/m2, which

gives C = 1/77. Chen et al. [51] indeed report that

when the grain size in Al is in the range 10 nm

6 �d 6 20 nm mixtures of twins and partial disloca-

tions are observed. Above this range twinning and

fault emission are not observed. The relative trends

for deformation twinning vs. fault emission vs. perfect

dislocation emission noted above for Cu, Ni, Al, etc.
are, as expected, in general agreement with known

observations.
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